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SUMMARY 

Considerable  work  has  been  performed  on  NiAl  over  the  last  three  decades,  with  an  extremely  rapid 
growth  in  research  on  this  intermetallic  occurring  in  the  last  few  years  due  to  recent  interest  in  this 
material  for  electronic  and  high  temperature  structural  applications.  However,  many  physical  properties 
and  the  controlling  fracture  and  deformation  mechanisms  over  certain  temperature  regimes  are  still  in 
question.  Part  of  this  problem  lies  in  the  incomplete  characterisation  of  many  of  the  alloys  previously 
investigated.  Fragmentary  data  on  processing  conditions,  chemistry,  microstructure  and  the  apparent 
difficulty  in  accurately  measuring  composition  has  made  direct  comparison  between  individual  studies 
sometimes  tenuous.  Therefore,  the  purpose  of  this  review  is  to  summarise  all  available  mechanical  and 
pertinent  physical  properties  on  NiAl,  stressing  the  most  recent  investigations,  in  an  attempt  to  under¬ 
stand  the  behavior  of  NiAl  and  its  alloys  over  a  broad  temperature  range. 


1.  INTRODUCTION 

The  B2  ordered  intermetallic  phase  NiAl  exhibits  a  wide  range  of  physical  and  mechanical  character¬ 
istics  which  have  sparked  interest  for  applications  ranging  from  high-pressure  turbine  blades  to  buried 
interconnects  in  electronic  components.  Furthermore,  the  high  degree  of  structural  stability  exhibited  by 
NiAl  is  retained  on  an  atomic  scale  to  its  surface  resulting  in  its  use  in  a  significant  number  of  surface 
and  catalytic  studies.  Consequently,  NiAl  has  been  the  focus  of  numerous  and  diverse  investigations  with 
an  abundance  of  data  compiled  on  the  basic  physical  and  mechanical  properties  of  this  intermetallic.  In 
spite  of  the  large  amount  of  data  collected  on  NiAl  during  the  last  few  decades,  much  of  it  generated  in 
the  last  several  years,  a  critical  comprehensive  review  of  this  information  has  not  been  assembled.  While 
a  clear  interpretation  of  the  mechanisms  responsible  for  many  areas  of  behavior  can  be  reached  by  analys¬ 
ing  the  available  data,  divergent  viewpoints  still  exist  for  a  number  of  important  issues.  Therefore,  the 
goal  of  this  review  is  to  critically  assess  the  NiAl  literature;  presenting  the  acknowledged  behavior  of  NiAl 
or  describing  obvious  trends  based  on  compilations  of  various  studies,  and  finally  recognising  areas  where 
significant  controversy  remains  or  insufficient  information  still  exists. 

Since  stoichiometry  exerts  such  a  profound  influence  on  most  physical  and  mechanical  properties,  the 
composition  of  each  alloy  is  reported,  where  such  information  is  known.  All  compositions  are  given  in 
atomic  percent  and  the  term  “NiAl”  will  be  used  to  generically  refer  to  any  compound  in  the  B2-NiAl 
phase  field.  However,  it  is  important  to  note  that  even  in  the  original  references,  compositions  are  often 
given  as  nominal  or  analysis  techniques  of  unspecified  precision  were  used,  with  no  limits  of  error 
reported.  In  fact,  the  conclusions  of  some  studies  have  been  drawn  into  question  due  to  the  possibility  of 
systematic  errors  in  the  bulk  chemical  analyses.  Therefore,  even  reported  compositions  should  be  con¬ 
sidered  with  some  caution. 


2.  PHYSICAL  PROPERTIES  AND  STRUCTURE 
2.1  Crystal  Structure  and  Bonding 

NiAl  is  a  Hume-Rothery  /J-phase  electron  compound  with  a  valence  electron  to  atom  ratio  of  3/2, 
which  gives  rise  to  the  stability  of  a  large  family  of  intermetallics  that  crystallize  in  the  primitive  cubic 
CsCl  structure  (refs.  1  and  2).  This  crystal  structure  can  be  described  by  two  interpenetrating  primitive 
cubic  cells  where  A1  atoms  occupy  one  sublattice  and  Ni  atoms  occupy  the  second  sublattice  (fig.  1). 

Thus,  the  symmetry  of  the  structure  is  lowered  from  a  body  centered  cubic,  A2,  in  which  the  sites  are 
equivalent,  to  simple  cubic,  B2.  Stoichiometric  Ni-50A1  melts  congruently  at  1911  K  (ref.  3),  (though 
recent  experiments  indicate  that  the  melting  point  could  be  40°  higher  than  this  value  (ref.  4))  and  exists 
as  a  single  phase,  B2-ordered  intermetallic  over  the  composition  range  of  45  to  almost  60  at  %  Ni  (fig.  2). 

The  lattice  constant  for  NiAl  is  a  strong  function  of  stoichiometry  within  the  wide  single  phase  region 
and  has  been  determined  by  a  number  of  investigators  at  room  temperature  (refs.  5  to  12)  and  at  ele¬ 
vated  temperatures  (refs.  10  and  13).  From  these  studies,  a  maximum  in  the  lattice  constant  has  been 
noted  at  the  stoichiometric  composition  (refs.  5,  9,  11,  and  12)  as  well  as  at  slightly  Al-rich  levels  (refs.  6 
to  8  and  10). 

The  lattice  parameter  maximum  at  slightly  Al-rich  compositions  in  the  older  studies  (refs.  6  to  8)  is 
probably  a  consequence  of  inadequate  chemistry  control  (ref.  9)  and/or  the  inability  to  accurately  meas¬ 
ure  composition  when  composition  was  determined  at  all.  For  example,  Hughes  et  al.  (ref.  10)  also 
reported  a  peak  in  the  lattice  parameter  at  slightly  Al-rich  compositions  but  did  not  independently  con¬ 
firm  the  composition  of  their  alloys.  Instead  they  determined  composition  by  fitting  their  lattice  param¬ 
eter  measurements  to  the  data  of  Guseva  (ref.  7)  and  Cooper  (ref.  8)  which  automatically  biased  the  peak 
to  Al-rich  levels.  It  has  also  been  suggested  (ref.  14)  that  a  loss  of  Al  may  have  occurred  in  some  of  the 
x-ray  powder  samples  due  to  the  formation  of  NiAl204  surface  films  depleting  the  bulk  of  Al.  Analysis  of 
references  5  to  12  does  indicate  that  the  maximum  in  lattice  parameter  was  found  off  stoichiometry,  when 
longer  and/or  higher  temperature  anneals  were  utilized.  Extreme  care  to  ensure  accurate  chemical  analy¬ 
sis  of  the  alloys  was  only  noted  by  Taylor  and  Doyle  (ref.  5)  who  observed  the  peak  in  lattice  parameter 
at  the  stoichiometric  composition. 

The  data  from  the  various  lattice  parameter  studies  are  summarized  in  figure  3.  The  room  temper¬ 
ature  lattice  constant  of  stoichiometric  Ni-50A1  determined  from  the  best  fit  of  the  data  in  figure  3  is 
0.2887  nm  in  agreement  with  the  value  reported  by  Taylor  and  Doyle  for  Ni-50A1  (ref.  5).  Assuming  the 
peak  does  occur  at  Ni-50A1,  the  lattice  parameter  for  NiAl  on  either  side  of  stoichiometry  can  be 
described  by  a  linear  relationship  of  the  form: 

a0(nm)  =  0.299839  -  0.000222(at  %  Ni)  for  50  to  60  at  %  Ni 

a0(nm)  =  0.266819  +  0.000438 (at  %  Ni)  for  45  to  50  at  %  Ni 

The  variation  of  density  with  composition  in  the  single  phase  region  has  also  been  determined  (refs.  5, 
6,  9,  and  15).  The  density  of  NiAl  decreases  in  a  linear  fashion  with  increasing  Al  content  though  a 
change  in  slope  of  the  density  versus  composition  dependence  occurs  at  the  stoichiometric  composition 
which  has  a  density  of  approximately  5.90  g/cm3  (refs.  5,  6,  and  9).  On  either  side  of  stoichiometry  the 
density  data  in  figure  3  can  be  described  by  linear  relationships  where: 

p( g/cm3)  =  3.15  -I-  0.055(at  %  Ni)  for  50  to  60  at  %  Ni 
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p(g/cm3)  =  0.118(at  %  Ni)  for  45  to  50  at  %  Ni 


Both  the  lattice  parameter  data  and  the  density  measurements  have  been  used  to  infer  the  type  of 
defect  structure  which  occurs  in  the  NiAl  lattice.  Since  Ni  is  a  smaller  atom  than  Al,  increasing  the  Ni 
content  above  50  atomic  percent  should  cause  the  lattice  parameter  to  decrease  and  the  density  to 
increase  in  the  manner  shown  in  figure  3.  However,  the  behavior  with  increasing  Al  content  does  not 
follow  this  trend;  rather  the  lattice  spacing  of  NiAl  falls  and  the  decrease  in  density  is  more  rapid  than 
would  be  expected  by  the  replacement  of  Ni  atoms  by  aluminum.  This  behavior  has  been  explained  in 
terms  of  the  creation  of  vacancies  on  Ni  sites. 

Despite  the  questionable  accuracy  of  x-ray  measurements  for  performing  charge  density  studies 
(ref.  16),  Cooper  (ref.  17)  was  the  first  to  generate  a  charge  density  distribution  for  NiAl  based  on  pow¬ 
der  x-ray  diffraction  results.  He  concluded  that  there  was  no  ionic  contribution  to  bonding,  that  d-band 
filling  through  Al-to-Ni  charge  transfer  is  the  dominant  feature  of  bonding  in  NiAl,  and  that  the  signifi¬ 
cant  build-up  of  directional  d-bonding  charge  along  the  nearest-neighbor  Ni-Al  direction  is  responsible  for 
the  high  Ni-Al  bond  strength.  Fox  and  Tabbernor  (refs.  16,  18,  and  19)  have  confirmed  these  findings 
from  structure  factor  information  deduced  from  electron  diffraction  data.  All  these  studies  (refs.  16 
to  19)  suggest  that  bonding  in  NiAl  is  a  mixture  of  metallic  and  covalent  types.  Finally,  because  Al  in 
NiAl  acts  as  an  electropositive  element,  there  is  also  a  strong  repulsion  between  Al  atoms  as  they  are 
brought  into  nearest  neighbor  positions  (refs.  19  and  20).  Thus,  order  in  NiAl  can  be  explained  in  terms 
of  charge  donation  and  electrostatic  effects  (refs.  20  and  21). 

An  alternative  mechanism  for  bonding  in  NiAl  has  been  developed  by  Lui  et  al.  (ref.  22).  They 
measured  the  valence  band  structure  of  NiAl  using  angle-resolved  photoemission  with  synchrotron  radi¬ 
ation.  Their  experimental  results  agreed  remarkably  well  with  calculations  based  on  a  local  density 
approximation.  However,  the  findings  differ  from  previous  studies  (refs.  16  to  19)  since  they  predict  that 
a  large  charge  transfer  occurs  among  the  sp  electrons  in  the  opposite  direction,  i.e.,  from  Ni  to  Al,  lead¬ 
ing  to  a  net  charge  transfer  from  nickel  to  aluminum. 


2.2  Thermodynamic  Properties  and  Phase  Stability 

Properties  of  molten  Ni-Al  alloys  can  be  found  primarily  in  the  Russian  literature  (refs.  23  and  24). 
The  density  for  near  equiatomic  NiAl  just  above  the  melting  point  is  approximately  4.75  g/cm3  and  the 
surface  energy  is  1486  mJ/m2  (ref.  23).  The  temperature  and  concentration  dependence  of  the  kinematic 
viscosity  and  interatomic  interaction  energy  for  species  in  the  melt  have  also  been  determined  (ref.  24). 
For  a  given  temperature,  a  sharp  maximum  in  viscosity  and  a  minimum  in  the  interaction  energy 
between  similar  atoms  was  observed  for  stoichiometric  NiAl  indicating  that  bonds  between  unlike  atoms 
are  the  strongest.  The  strong  attraction  between  dissimilar  atoms  also  manifests  itself  as  a  large  volume 
contraction  (~17.9  percent)  which  occurs  when  pure  liquid  components  are  mixed  (ref.  23).  From  these 
results  it  has  been  concluded  that  short  range  order  corresponding  to  the  structure  of  solid  B2-NiAl  is 
preserved  in  the  melt  (refs.  23  and  24). 

Another  indication  of  the  relative  thermodynamic  stability  of  NiAl  is  its  very  large  negative  heat  of 
formation.  The  heat  of  formation  for  near  stoichiometric  NiAl  has  been  measured  in  the  range  of  -59  to 
-72  kJ/mol  and  is  a  sharp  maximum  at  the  equiatomic  composition  (fig.  4)  (refs.  25  to  29).  Even  within 
the  lower  end  of  this  range,  NiAl  has  one  of  the  highest  heats  of  formation  for  a  B2  compound  (refs.  30 
and  31).  It  has  been  proposed  (ref.  25)  that  the  nearly  20  percent  difference  in  reported  values  for  AHf 
is  a  result  of  experimental  techniques  and  the  manner  in  which  corrections  were  made  for  impurity  effects. 
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A  comparison  of  figures  2  and  4  indicates  that  stoichiometric  NiAl  is  the  most  stable  compound  in  the 
Ni-Al  phase  field  with  a  corresponding  maximum  in  melting  point  and  heat  of  formation. 

The  high  stability  of  NiAl  is  also  reflected  in  the  composition  dependence  of  the  activity  of  Ni  and  A1 
in  NiAl.  The  activity  of  A1  in  NiAl  has  been  experimentally  determined  at  1200  and  1400  K  by  Steiner 
and  Komarek  (ref.  32).  They  found  that  there  was  a  large  change  in  the  activity  of  A1  in  the  NiAl  single 
phase  field,  from  approximately  10*3  to  0.1,  with  a  sharp  increase  in  activity  over  the  composition  range 
of  48  to  50  at  %  Al.  Such  a  drastic  change  in  activities  over  a  narrow  concentration  range  is  indicative  of 
strong  ordering  in  a  system.  Libowitz  (ref.  33)  and  Neumann  et  al.  (ref.  34)  have  analyzed  the  relation¬ 
ship  between  point  defects  and  thermodynamic  properties  for  NiAl  and  have  suggested  that  a  systematic 
error  exists  in  the  compositions  of  Steiner  and  Komarek ’s  alloys.  This  same  error  is  also  inherent  in  the 
work  of  Hanneman  and  Seybolt  (ref.  35)  who  performed  Gibbs-Duhem  integration  of  Steiner  and 
Komarek’s  data  to  obtain  activities  of  Ni  in  NiAl.  Subsequently,  Misra  (ref.  36)  has  recalculated  the 
activity  of  Ni  in  NiAl  by  Gibbs-Duhem  integration  and  extrapolated  these  activities  to  1573  K,  assuming 
that  the  most  rapid  rise  in  Al  activity  occurs  at  50  at  %  Al. 

A  qualitative  assessment  of  the  degree  of  order  in  NiAl  at  high  temperatures  has  been  made  in  an 
investigation  of  the  x-ray  intensity  of  {100}  superlattice  peaks  in  single  crystals  of  NiAl  (ref.  10).  It  was 
found  that  significant  order  existed  in  NiAl  up  to  the  melting  temperature,  which  is  consistent  with  the 
strong  Ni-Al  nearest  neighbor  bond  in  NiAl.  However,  Troshkina  and  Khomyakov  (ref.  37)  and  Troshkina 
and  Kucherenko  (ref.  38)  have  suggested  that  an  order-disorder  transformation  occurs  in  NiAl  above 
approximately  800  K,  but  it  is  likely  that  the  exothermic  effect  observed  during  their  calorimetry  experi¬ 
ments  (refs.  37  and  38)  resulted  from  the  removal  of  supersaturated  vacancies  which  were  quenched  in 
from  the  homogenization  heat  treatment  and  not  due  to  an  order-disorder  reaction. 

A  quantitative  measure  of  the  degree  of  ordering  in  a  compound  can  be  obtained  by  calculating  the 
degree  of  intrinsic  disorder,  a,  which  is  the  ratio  of  the  number  of  disordered  atoms  of  one  kind  to  the 
total  number  of  lattice  sites  in  a  stoichiometric  crystal  (ref.  39).  A  number  of  attempts  have  been  made 
at  calculating  a  for  NiAl  at  1273  K  based  on  the  activity  data  of  Steiner  and  Komarek.  The  values 
obtained  (refs.  32  and  40)  when  using  the  Wagner-Schottky  theory  and  assuming  anti-site  defects  are 
present  on  both  sides  of  stoichiometry  are  probably  too  small,  on  the  order  of  4xl0"4  to  9xl0'5.  Start¬ 
ing  with  more  realistic  assumptions,  e.g.,  correcting  Steiner  and  Komarek’s  data  for  composition  and 
using  models  based  on  the  presence  of  triple  defects,  Libowitz  (ref.  33)  and  Neumann  et  al.  (ref.  34)  cal¬ 
culated  values  for  a  in  the  range  of  1.7xl0’3  to  2xl0'3.  Neumann  et  al.  (ref.  34)  also  calculated  an  a 
of  2xl0‘3  using  the  enthalpy  data  of  Henig  and  Lukas  (ref.  28),  which  is  in  excellent  agreement  with  the 
values  determined  from  activity  data.  Finally,  based  on  vacancy  concentration  measurements  by  Jacobi 
and  Engell  (ref.  12),  Neumann  et  al.  (ref.  34)  also  calculated  an  a  of  4xl0‘3.  In  terms  of  order,  this 
means  that  only  two  to  four  Al  atoms  are  out  of  position  in  a  group  of  500  unit  cells  in  NiAl  at  1273  K. 

In  practice,  the  high  degree  of  stability  exhibited  by  NiAl  combined  with  the  wide  compositional 
range  over  which  the  B2  structure  exits,  means  that  NiAl  is  very  difficult  to  disorder.  Even  under  the 
most  severe  quenching  conditions,  quenching  from  the  vapor  phase  with  an  effective  quench  rate  of 
108  K/sec,  ordering  in  NiAl  cannot  be  suppressed  (refs.  41  and  42).  NiAl  is  also  very  stable  against  radi¬ 
ation  damage  and  bulk  samples  will  not  disorder  even  during  heavy  ion  bombardment  at  temperatures  as 
low  as  15  K  (refs.  43  to  46)  or  when  thin  films  are  irradiated  by  electrons  between  10  and  810  K  at  doses 
as  high  as  3  dpa  (refs.  47  to  50).  This  high  degree  of  stability  could  possibly  make  NiAl  a  candidate  for 
some  nuclear  applications. 

Additional  sources  of  thermodynamic  data  for  NiAl  include  the  compilation  by  Hultgren  et  al. 

(ref.  26),  which  contains  data  for  heat  of  formation,  free  energy  of  formation,  heat  capacity  and  various 
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partial  molar  quantities.  Furthermore,  thermodynamic  modeling  of  the  Ni-Al  system  including  the  B2 
phase  regime  has  been  undertaken  by  several  investigators  using  various  approaches  (refs.  51  to  53). 
These  references,  while  relying  heavily  on  the  data  compiled  by  Hultgren  et  al.  (ref.  26),  contain  semi- 
empirical  analyses  of  various  thermodynamic  quantities  of  Ni-Al  alloys  as  a  function  of  temperature  and 
composition  and  exist  in  a  form  which  might  be  useful  in  many  modeling  applications.  Additional  prop¬ 
erties  which  are  very  difficult  to  measure,  including  surface  free  energy  and  APB  energy  have  been 
modeled  on  a  “first  principles”  approach  (refs.  54  and  55). 


2.3  Thermophysical,  Electrical,  Magnetic,  and  Optical  Properties 

The  heat  capacity  of  NiAl  has  been  determined  at  both  very  low  temperatures  (2.2  to  10  K)  (ref.  56), 
and  intermediate  temperatures  (300  to  1000  K)  (refs.  37,  38,  57,  and  58).  From  the  low  temperature 
data,  the  electronic  specific  heat  coefficient,  7el,  has  been  determined  (refs.  56  and  59)  to  fall  between 
1.26  and  2.64  mJ/mol  K2  with  theoretical  calculations  of  the  electronic  contribution  to  the  specific  heat 
(ref.  60)  in  agreement  with  the  experimental  values.  The  majority  of  the  investigators  who  have  meas¬ 
ured  the  heat  capacity  of  NiAl  at  intermediate  temperatures  have  done  so  in  an  attempt  to  study  point 
defects  and  order-disorder  phenomenon  (refs.  37,  38,  and  57).  During  these  studies,  the  heat  capacity  of 
Ni-50A1  and  a  few  nonstoichiometric  compositions  was  determined  as  a  function  of  temperature  after 
various  heat  treatments  and  quenching  conditions. 

Taylor  et  al.  (ref.  58)  have  determined  the  thermal  diffusivity  and  thermal  conductivity  of  polycrys¬ 
talline  £-Ni-45Al  and  Ni-45Al-lMo  alloys  between  room  temperature  and  1625  K.  The  thermal  conduc¬ 
tivity  of  polycrystalline  (ref.  61)  and  single  crystal  Ni-50A1  (ref.  62)  also  has  been  reported  as  a  function 
of  temperature.  An  important  point  to  emphasize  is  that  the  thermal  conductivity  of  NiAl  and  its  alloys 
is  four  to  eight  times  greater  than  that  of  Ni-base  superalloys  (fig.  5),  which  is  one  of  the  many  property 
advantages  driving  the  development  of  NiAl  turbine  blades  (ref.  62). 

The  thermal  expansion  behavior  for  polycrystalline  NiAl  has  been  determined  by  a  number  of  investi¬ 
gators  and  was  found  to  be  a  strong  function  of  temperature  but  not  composition  (refs.  61  and  63  to  65). 
The  linear  thermal  expansion  coefficient,  a,  can  be  adequately  described  as  a  function  of  temperature  by 
fitting  the  thermal  expansion  data  of  Clark  and  Whittenberger  (ref.  63).  Therefore,  between  300  and 
approximately  1300  K: 

“NiAl^'1)  =  l*16026xl0'5  +  4.08531  xl0'9(T)  -  1.58368xl012(T2)  +  4.18374x‘16(T3) 

The  thermal  expansion  coefficient  for  NiAl  is  about  30  percent  less  than  that  for  pure  Ni  (ref.  65)  but  is 
very  similar  to  Ni-base  superalloys  (ref.  61).  The  thermal  expansion  coefficient  of  NiAl  is  a  critical  issue 
in  the  design  of  composite  materials  (refs.  66  and  67)  where  the  a  mismatch  between  the  matrix  and 
reinforcing  material  must  be  small.  Unfortunately,  most  commonly  available  reinforcements  for  compos¬ 
ite  applications  have  an  a  approximately  2/3  to  1/4  that  of  NiAl  (ref.  66). 

The  low-temperature  electrical  resistivity  for  NiAl  has  been  determined  by  numerous  investigators  as 
a  function  of  stoichiometry  between  4.2  and  298  K  (refs.  68  to  72).  Independent  of  temperature,  a  sharp 
minimum  in  resistivity  was  observed  at  the  stoichiometric  composition  for  the  majority  of  the  studies 
(refs.  68  to  70),  and  at  a  slightly  Al-rich  composition  (~Ni-50.4Al)  in  two  other  studies  (refs.  71  and  72). 
This  minimum  was  explained  in  terms  of  electron  scattering  from  constitutional  point  defects,  with  the 
lowest  defect  concentration  occurring  at  the  same  composition  that  the  minimum  in  resistivity  occurred. 
Jacobi  et  al.  (ref.  68)  also  determined  the  shape  of  the  Fermi  surface  at  298  K.  It  was  determined  that 
the  Fermi  energy  rose  rapidly  between  46  and  50  at  %  Al,  overlapping  into  higher  Brillouin  zones  in  the 
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<110>  directions  when  the  Al-concentration  approached  50  at  %.  More  recently,  the  valence  band 
structure  of  NiAl  was  measured  by  use  of  angle-resolved  photoemission  using  synchrotron  radiation  with 
the  experimental  results  in  agreement  with  calculations  made  using  the  local  density  approximation 
(ref.  22). 

Unlike  CoAl  and  FeAl  which  are  strongly  paramagnetic,  NiAl  is  essentially  nonmagnetic  or  Pauli 
paramagnetic,  with  an  extremely  low  magnetic  susceptibility,  on  the  order  of  2xl0'5  to  6xl0"5  emu/g 
(refs.  56,  71,  73,  and  74).  The  most  detailed  study  of  magnetic  susceptibility  in  NiAl  was  performed  by 
Brodsky  and  Brittain  (ref.  75)  from  6  to  300  K  on  compounds  ranging  from  46.1  to  59.2  at  %  Ni.  Using 
high-sensitivity  apparatus  they  were  able  to  observe  that  magnetic  susceptibility  was  a  slight  function  of 
temperature  and  composition.  However,  these  dependencies  were  so  small  that  they  could  not  be  resolved 
in  previous  studies  (refs.  73  and  74).  The  electronic  structure  of  vacancies  (ref.  60)  and  antistructure 
defects  (ref.  76)  in  NiAl  have  been  calculated  using  ab-initio  self-consistent  techniques  and  the  results 
used  to  explain  the  magnetic  behavior  of  NiAl. 

As  with  the  majority  of  studies  involved  in  measuring  electrical  and  magnetic  properties,  the  primary 
purpose  for  measuring  the  optical  properties  of  NiAl  has  been  to  study  the  band  structure  of  this  inter- 
metallic  and  to  map  Fermi  surface  and  Brillouin-zone  boundaries  (refs.  77  to  79).  In  addition  to  informa¬ 
tion  on  bonding,  the  optical  constants  of  NiAl  have  been  measured  as  a  function  of  composition  between 
45.2  and  61.6  at  %  Ni  by  Rechtien  et  al.  (ref.  77)  and  as  a  function  of  alloying  addition  by  Jacobi  and 
Stahl  (ref.  78).  Rechtien  et  al.  (ref.  77),  also  noted  that  the  visible  color  of  NiAl  was  very  dependent  on 
composition,  appearing  bright  blue  for  near  stoichiometric  compositions  to  yellow  or  bronze  for  Ni-rich 
compositions  and  grey  for  Al-rich  alloys.  It  has  been  suggested  that  these  dramatic  color  changes  with 
composition  arise  from  the  interband  transitions  associated  with  the  Fermi  surface  (ref.  70). 


2.4  Elastic  Behavior 

Good  agreement  exists  between  the  various  studies  of  the  elastic  properties  of  single  crystal  (refs.  80 
to  83)  and  polycrystalline  NiAl  (refs.  15  and  84  to  86).  The  single  crystal  elastic  constants  have  been 
determined  as  a  function  of  temperature  (refs.  80  and  81),  cooling  rate  (thermal  vacancy  concentration) 
(ref.  82),  and  stoichiometry  (ref.  81)  and  have  been  conveniently  summarized  by  Rusovic  and 
Warlimont  (ref.  81).  NiAl  is  elastically  anisotropic,  and  at  room  temperature  has  an  anisotropy  factor, 

A  =  2C44/(C11  -  Cl2),  of  3.74  for  stoichiometric  Ni-50A1  (ref.  81).  This  value  is  comparable  to  FCC 
metals  such  as  Cu  (3.21)  (ref.  87)  and  Ag  (3.01)  (ref.  87)  and  is  significantly  less  than  strongly  aniso¬ 
tropic  B2  compounds  such  as  CuZn  (8.63)  (ref.  88)  or  AuCd  (12.57)  (ref.  89).  The  anisotropy  factor  for 
Ni-50A1  is  moderately  dependent  on  temperature  and  decreases  to  a  value  of  2.94  at  873  K  (ref.  81). 
However,  the  elastic  anisotropy  of  NiAl  is  strongly  dependent  on  composition,  e.g.,  A  =  1.85  for  Ni-55A1 
and  A  =  5.67  for  Ni-45A1  at  room  temperature  (ref.  81). 

The  elastic  properties  of  polycrystalline  NiAl  have  been  determined  for  cast  and  homogenized  alloys 
(ref.  84),  and  extruded  (refs.  15,  86,  and  90)  and  hot  pressed  (refs.  85  and  86)  prealloyed  powder  mate¬ 
rials.  From  these  studies  it  is  evident  that  Young’s  modulus,  E,  is  very  sensitive  to  processing  technique 
and  temperature  but  not  composition.  The  room  temperature  elastic  modulus  determined  by  Rusovic 
and  Warlimont  (ref.  84)  for  cast  and  homogenized  Ni-50A1  was  approximately  193  GPa  and  varied  only 
slightly  with  composition  for  alloys  containing  45  to  50  at  %  Ni.  Young’s  modulus  was  more  sensitive  to 
temperature  and  was  found  to  decrease  almost  linearly  with  increasing  temperature  according  to  the 
following  relationship  for  stoichiometric  material  (ref.  84): 

E(GPa)  =  204.9  -  0.041(T) 
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where  T  is  in  Kelvin.  Similarly,  work  performed  by  Harmouche  and  Wolfenden  (ref.  15)  on  powder- 
extruded  alloysdetermined  that  composition  (between  47  and  56  at  %  Ni)  had  a  minimal  effect  on 
modulus  while  temperature  was  the  dominant  factor  affecting  the  elastic  response  of  the  material.  How¬ 
ever,  they  measured  a  room  temperature  modulus  for  Ni-50A1  of  237  GPa  and  a  temperature  dependence 
described  by  the  following  nonlinear  function: 

E(GPa)  =  259.3  -  0.072(T)  +  3xlO'5(T2) 

More  recent  work  on  a  powder  Ni-50.6  A1  alloy  has  demonstrated  that  processing  technique  also  plays  a 
critical  role  in  the  resulting  modulus  of  the  material  (refs.  85  and  86).  When  the  powder  is  extruded  the 
modulus  can  be  described  by  the  following  equation: 

E(GPa)  =  249.3  -  0.031(T)  +  1x10'5(T2) 

which  is  in  agreement  with  Harmouche  and  Wolfenden’s  results  (ref.  15).  When  the  powder  is  hot 
pressed  to  full  consolidation  the  modulus  follows  the  relationship: 

E(GPa)  =  199.8  -  0.040(T) 

which  is  similar  to  Rusovic  and  Warlimont’s  results  (ref.  84).  This  difference  in  moduli  depending  on 
processing  technique  can  be  rationalized  in  terms  crystallographic  texture.  The  extruded  stock  most 
likely  exhibits  a  <11 1>  texture  (ref.  91),  while  the  other  forms  of  material  were  not  oriented. 

Heilman  et  al.  (ref.  85)  have  also  determined  the  temperature  dependence  of  the  shear  modulus,  G, 
and  Poisson’s  ratio,  v ,  for  hot-pressed  Ni-50.6  Al  powder.  The  shear  modulus  depended  on  temperature 
as: 


G(GPa)  =  76.6  -  0.017(T) 

Poisson’s  ratio  was  found  to  be  almost  independent  of  temperature  and  followed  the  relationship: 

v  =  0.307  +  2.15  x10'5(T) 

For  very  Ni-rich  compositions,  an  anomalous  temperature  dependence  of  the  elastic  properties  for 
both  single  crystal  (refs.  81  and  83)  and  polycrystalline  (ref.  84)  material  has  been  observed.  In  single 
crystal  material  of  >55  at  %  Ni,  the  shear  constant  (C1]t  -  C13)  becomes  small  at  low  temperatures  while 
Cn  is  essentially  independent  of  temperature  (refs.  81  and  83).  This  results  in  a  lattice  instability  such 
that  shear  of  the  lattice  becomes  very  easy  on  {110}  planes  stacked  along  <110>  directions.  Similarly, 
an  anomalous  dependence  of  Young’s  modulus  on  temperature  (i.e.,  dE/dT  >  0)  has  been  reported  for 
polycrystalline  Ni-rich  NiAl  (>60  at  %  Ni)  (ref.  84).  These  elastic  anomalies  for  Ni-rich  NiAl  are  asso¬ 
ciated  with  a  fully  reversible  martensitic  transformation  (refs.  81  to  83)  in  which  the  B2  structure  trans¬ 
forms  to  an  ordered  tetragonal  Ll0  lattice  (refs.  92  to  94).  Therefore,  while  NiAl  is  an  extremely  stable 
compound  in  thermodynamic  terms,  lattice  instabilities  manifested  by  changes  in  elastic  behavior  can 
lead  to  a  diffusionless  martensitic  transformation  in  Ni-rich  alloys. 


2.5  Surface  Structure  and  Properties 

In  recent  years  there  has  been  a  growing  interest  in  the  catalytic  properties  of  metal  and  alloy  sur¬ 
faces  and  the  properties  of  adsorbed  gases  on  surfaces  (ref.  95).  In  this  regard,  NiAl  is  unique  because  its 
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surface  structure  and  composition  varies  as  a  function  of  orientation  and  because  NiAi  is  presently  one  of 
the  few  alloy  systems  which  is  known  to  have  a  stable,  well  defined  surface  on  an  atomic  level  (ref.  96). 
Consequently,  NiAl  has  been  used  as  a  substrate  material  in  a  number  of  catalytic  investigations  includ¬ 
ing  the  study  of  sulfur  (ref.  96),  carbon  monoxide  (refs.  96  and  97),  oxygen  (refs.  96  and  98)  and  xenon 
(refs.  95  and  99)  adsorption. 

The  NiAl  {100}  surfaces  have  a  simple  structure  and  are  ideally  composed  of  either  all  Ni  or  A1 
atoms  depending  on  where  the  lattice  is  truncated.  However,  the  top  atomic  layer  on  a  (100)  surface  is 
always  predominantly  composed  of  A1  atoms  with  approximately  22  percent  Ni  also  present  on  the  sur¬ 
face  while  the  second  atomic  layer  is  composed  almost  entirely  of  Ni  (ref.  100). 

NiAl  {110}  surfaces  have  been  probed  and  analyzed  by  a  number  of  sophisticated  techniques  (refs.  97, 
99,  and  101  to  105)  and  it  has  been  determined  that  as  in  the  ideal  case,  the  {110}  surfaces  are  composed 
of  equal  proportions  of  Ni  and  A1  atoms  which  are  ordered  and  aligned  in  alternating  parallel  rows.  In 
addition,  the  top  atomic  layer  is  rippled  with  the  rows  of  A1  atoms  protruding  above  the  Ni  rows  by 
approximately  0.022  nm.  This  rippling  effect  then  alternates  in  a  decreasing  sinusoidal  fashion  so  that  in 
the  second  atomic  layer  the  rows  of  Ni  atoms  are  higher  than  the  A1  atoms  and  vice  versa  until  after 
about  eight  atomic  layers,  rows  of  Ni  and  A1  atoms  are  no  longer  offset  with  respect  to  each  other.  This 
atomically  rough  surface  and  rippling  effect  has  been  modeled  by  Chen  (ref.  106). 

In  the  bulk,  perfectly  ordered  NiAl  consists  of  {ill}  planes  composed  only  of  A1  alternating  with 
planes  composed  only  of  Ni  in  an  -A-B-A-B-  stacking  sequence  (fig.  1).  Consequently,  the  truncated  bulk 
structure  of  a  (111)  surface  should  result  in  either  a  Ni  or  A1  surface  layer  with  atoms  laterally  arranged 
in  an  hexagonal  structure.  Consequently,  NiAl  {111}  surfaces  have  been  studied  by  a  number  of  different 
investigators  (refs.  107  to  110).  From  the  majority  of  these  studies  (refs.  107,  108,  and  110)  it  was  con¬ 
cluded  that  NiAl  {111}  surfaces  were  actually  stepped  and  terminated  by  an  almost  equal  proportion  of 
A1  and  Ni  rich  domains  or  terraces  separated  by  single  atomic  layers.  However,  Niehus  et  al.  (ref.  109) 
have  concluded  that  NiAl  {111}  surfaces  are  Ni  terminated  followed  by  a  second  layer  of  Al  atoms.  They 
also  proposed  that  the  observations  by  previous  investigators  (refs.  107,  108,  and  110)  may  have  been 
skewed  by  oxygen  contamination  resulting  in  a  stepped  surface  containing  Al-rich  domains  on  the  Ni 
layer. 


3.  CRYSTAL  DEFECTS 
3.1  Point  Defects 

Compounds  having  a  B2  structure  can  be  divided  into  two  groups  depending  on  the  type  of  lattice 
defects  which  are  observed  as  a  function  of  stoichiometry  (ref.  34).  In  one  group,  the  lattice  defects  con¬ 
sist  of  A  atoms  on  /8-sites  and  B  atoms  on  a-sites.  When  this  type  of  simple  substitution  occurs  on 
both  sides  of  stoichiometry  the  alloy  is  generally  referred  to  as  having  an  antistructure  or  substitutional 
defect  structure.  The  other  group  of  compounds  exhioits  lattice  defects  which  consist  of  A  atoms  on 
/8-sites  and  vacancies  on  a-sites.  In  other  words,  on  one  side  of  stoichiometry  antistructure  defects  occur 
while  on  the  other  side  of  stoichiometry,  vacancies  occur.  Materials  with  this  second  type  of  defect  struc¬ 
ture  are  considered  to  have  a  triple-defect  structure  because  at  the  stoichiometric  composition,  three 
defects  must  exist  simultaneously,  two  vacancies  on  a-sites  and  one  A  atom  on  a  /8-site  (ref.  111). 

NiAl  falls  into  this  second  group  of  intermetallic  compounds  (refs.  5,  6,  8,  and  111).  The  Al  sub¬ 
lattice  is  always  fully  occupied,  therefore,  when  an  excess  of  Ni  occurs,  Ni  substitutes  on  Ai  sites,  Ni^y, 
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with  no  significant  composition  dependent  vacancy  concentration  occurring  on  either  subiattice  (ref.  9). 
With  excess  Al,  vacant  sites  or  constitutional  vacancies  are  formed  in  the  Ni  sublattice,  VNj. 

The  one  nagging  question  that  persists  is  whether  Al  atoms  can  actually  substitute  to  a  limited 
extent  on  the  Ni  sublattice  for  Al-rich  compositions.  From  analysis  of  the  lattice  parameter  studies  dis¬ 
cussed  in  section  2.1,  the  majority  of  the  resistivity  investigations  discussed  in  section  2.3,  and  the  heat  of 
formation  data  summarized  in  figure  4,  a  strong  case  can  be  made  for  no  Al  antistructure  defects  in  NiAl. 
This  viewpoint  is  also  supported  by  the  work  of  Wasilewski  (ref.  Ill)  on  NiAl  and  Wasilewski  et  al. 

(ref.  112)  on  NiGa  (which  has  the  same  type  of  triple-defect  structure  as  NiAl).  In  both  systems,  they 
determined  that  antistructure  defects  on  the  Ni-sublattice  are  energetically  unfavorable  to  the  point  of 
being  extremely  unlikely. 

To  the  contrary,  Georgopoulos  and  Cohen  (ref.  9)  have  determined  that  up  to  1  percent  Al  can  sub¬ 
stitute  on  Ni  sites  before  Ni  vacancies  are  formed.  This  conclusion  was  based  on  studies  of  integrated 
intensities  from  single  crystals.  This  is  about  the  only  unrefuted  evidence  in  support  of  Al  antistructure 
defects.  However,  their  x-ray  analyses  could  have  been  biased  by  the  planar  defects  which  are  observed 
to  occur  in  Al-rich  alloys.  From  the  bulk  of  the  data  which  exists  today  it  would  have  to  be  concluded 
that  no  Al  antistructure  defects  exist  in  NiAl.  However,  additional  work  in  conclusively  identifying  the 
defect  structure  which  exists  for  near  stoichiometric  Al-rich  alloys  is  warranted. 

In  general,  the  constitutional  defect  structure  in  NiAl  is  consistent  with  the  3:2  valence  electron  to 
atom  ratio  which  is  essentially  responsible  for  the  ordered  structure  of  the  compound.  Aluminum  con¬ 
tributes  three  valence  electrons  to  the  conduction  band  while  Ni  contributes  no  electrons  (ref.  113).  Con¬ 
sequently,  vacancies  occur  in  Al-rich  compositions  because  the  high  stability  of  the  three  valence  electrons 
per  unit  cell  is  preserved  by  maintaining  just  one  aluminum  atom  per  unit  cell.  As  a  result,  NiAl  prefers 
to  omit  atoms  from  its  structure  rather  than  increase  the  number  of  electrons  per  unit  cell  above  three. 

Constitutional  defects  have  been  observed  to  display  a  type  of  ordered  structure  within  the  NiAl 
lattice  such  that  there  is  a  strong  tendency  to  avoid  the  same  species  at  the  first  neighbor  distance  of 
their  sublattice  (refs.  114  to  119).  This  defect  ordering  probably  occurs  to  minimize  the  strain  energy 
associated  with  the  introduction  of  the  defects,  and  has  been  suggested  to  form  the  precursor  structure  for 
phases  adjacent  to  the  NiAl  phase  (refs.  19  and  119).  A  manifestation  of  this  ordering  has  been  observed 
in  Al-rich  alloys  in  the  form  of  diffuse  scattering  during  diffraction  (refs.  116,  120,  and  121)  that  is  simi¬ 
lar  to  what  is  commonly  observed  in  Ti  and  Zr  alloys  from  the  nucleation  of  metastable  w-phase  nuclei 
(refs.  122  and  123).  This  diffuse  scattering  is  more  pronounced  in  Al-rich  compositions  and  at  low  tem¬ 
peratures  (ref.  121)  and  is  probably  due  to  localized  atomic  displacements  in  the  vicinity  of  the  consti¬ 
tutional  vacancies  (ref.  123)  leading  to  local  instability  in  the  NiAl  structure. 

In  addition  to  constitutional  vacancies,  a  high  concentration  of  thermal  vacancies  can  be  quenched 
into  NiAl.  For  example,  up  to  2  percent  thermal  vacancies  can  be  introduced  in  NiAl  near  its  melting 
point  (ref.  124)  and  the  stoichiometric  compound  can  retain  from  0.5  to  1  percent  thermal  vacancies  after 
quenching  from  moderate  temperatures  (refs.  57,  125,  and  126).  The  presence  of  supersaturated  thermal 
vacancies  is  reported  to  increase  the  hardness  (ref.  127)  and  yield  strength  (ref.  128),  without  significantly 
affecting  the  elastic  modulus  of  NiAl  alloys  (ref.  82). 

Unlike  constitutional  vacancies  which  become  incorporated  in  an  ordered  fashion  within  the  NiAl 
lattice,  thermal  vacancies  tend  to  agglomerate  and  form  faceted  voids  when  samples  are  rapidly  quenched 
from  the  melt  (ref.  129)  or  after  further  annealing  of  samples  rapidly  quenched  from  high  temperatures 
(refs.  124,  126,  and  130  to  132).  The  morphology  of  these  voids  is  rhombic  dodecahedra,  consisting  pri- 
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manly  of  {110}  facets  with  occasional  facets  along  {100}  planes  (refs.  126  and  130).  An  example  of  these 
faceted  voids  in  a  sample  of  as-melt  spun  NiAl  ribbon  is  shown  in  figure  6. 

Fan  and  Collins  (ref.  133)  have  demonstrated  that  the  thermal  point  defects  retained  in  NiAl,  before 
they  are  annihilated  or  form  voids,  can  exist  as  both  monovacancies  or  divacancy  complexes  which  anneal 
out  at  approximately  773  K.  Temperature  dependence  of  the  heat  capacity  (refs.  37,  38,  and  57)  of  NiAl 
also  exhibits  an  exothermic  change  beginning  at  temperatures  near  800  K  where  this  vacancy  annihilation 
occurs.  Subsequent  annealing  of  quenched  NiAl  samples  at  these  or  higher  temperatures  will  eventually 
cause  the  voids  to  shrink  and  disappear  leaving  behind  vacancy  dislocation  loops  and  spiral  dislocations 
which  form  as  a  consequence  of  the  vacancy  annihilation  process  (refs.  124,  132,  134,  and  135). 

While  thermal  vacancies  form  individually  in  disordered  materials,  in  NiAl  it  has  been  suggested  that 
either  a  vacancy  must  form  on  each  sublattice  in  a  balanced  manner,  or  that  two  vacancies  form  on  one 
sublattice  with  an  associated  antistructure  defect  on  the  second  sublattice  (ref.  111).  While  constitu¬ 
tional  vacancies  are  accounted  for  by  this  latter  defect  structure,  thermal  vacancies  probably  occur  by  the 
former  mechanism  though  the  results  of  Fan  and  Collins  (ref.  133)  indicate  that  both  defect  structures 
may  be  possible  for  thermal  vacancies.  Assuming  that  the  balanced  divacancy  mechanism  is  the  domi¬ 
nant  mode  of  thermal  vacancy  generation,  Wasilewski  (ref.  64)  determined  that  the  energy  required  to 
form  a  divacancy  was  155  kJ/mol.  This  value  agrees  reasonably  well  with  the  134  kJ/mol  inferred  from 
diffusion  experiments  (ref.  136),  140±19  kJ/mol  reported  by  Parthasarathi  and  Fraser  (ref.  124)  and 
148  kJ/mol  determined  by  Kucherenko  et  al.  (ref.  57)  from  heat  capacity  measurements. 

The  migration  energy,  Em,  for  vacancies  in  NiAl  has  also  been  determined  by  several  techniques. 
Based  on  diffusion  measurements  (ref.  136),  Em  was  estimated  to  be  180  kJ/mol  and  is  assumed  to  be 
independent  of  stoichiometry.  This  agrees  favorably  with  a  value  of  164  kJ/mol  determined  from  posi¬ 
tron  annihilation  experiments  (ref.  137)  but  is  slightly  greater  than  the  value  of  138  kJ/mol  estimated  by 
Wasilewski  (ref.  64).  All  three  of  these  values  are  significantly  less  than  a  value  of  369  kJ/mol  deter¬ 
mined  for  the  migration  energy  of  a  vacancy  at  1273  K  by  true  heat  capacity  measurements  (ref.  57). 
Presently,  the  discrepancy  between  these  various  values  has  not  been  resolved.  In  general,  the  relatively 
low  formation  energy  and  the  slightly  to  significantly  higher  migration  energy  for  vacancies  in  NiAl  would 
explain  the  high  densities  of  vacancies  which  can  be  quenched  into  this  intermetallic. 


3.2  Line  Defects 

A  number  of  line  defects  are  possible  in  NiAl,  however,  slip  vectors  which  result  in  “wrong”  nearest 
neighbor  atoms  are  not  favored  due  to  the  large  ordering  energy  of  NiAl.  The  three  basic  translation  vec¬ 
tors  which  do  not  disrupt  the  order  of  the  lattice  are  ao<100>,  ao<110>,  and  a0<lll>,  where  a0  is 
the  lattice  constant  of  NiAl  (fig.  1).  Each  of  these  slip  vectors  has  been  observed  in  NiAl  though  non- 
<001  >  slip  vectors  generally  occur  under  very  specific  circumstances. 

The  line  energy  for  dislocations  in  stoichiometric  NiAl  at  room  temperature  has  been  calculated  using  # 

fully  anisotropic  elasticity  analysis  (refs.  138  to  140),  and  the  results  axe  summarized  by  the  plot  of  Lloyd 
and  Loretto  (ref.  140),  which  is  reproduced  in  figure  7.  Dislocations  with  <100>  Burgers  vectors  have 
the  lowest  energy  of  the  three  unit  vectors  shown  in  figure  1,  and  the  edge  orientation  for  T>  =  <100> 
has  a  slightly  lower  energy  than  the  screw  orientation.  <100>  dislocations  within  ±25°  of  the  screw 
orientation  are  elastically  unstable  on  {100}  planes,  and  might  also  be  expected  to  be  elastically  unstable 
on  {110}  planes  based  on  the  similarity  of  the  line  energy  versus  8  plot  from  0  —  0°  to  45°  (ref.  141). 

The  energy  of  <110>  dislocations  on  (110)  planes  (Fig.  7(a))  is  sufficiently  low  so  that  dissociation  into 
two  <100>  dislocations  is  not  expected.  However,  dislocations  near  the  <110>{100}  edge  orientation 
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(Fig.  7(b))  are  expected  to  dissociate  into  two  <100>{100}  dislocations  of  appropriate  line  directions. 
Dislocations  with  <111  >  Burgers  vectors  of  near-edge  orientation  are  elastically  unstable  in  their  {110} 
slip  plane  (refs.  20  and  141)  but  no  instability  for  a  dislocation  loop  with  <111>  Burgers  vector  is 
expected  on  {112}  planes  (ref.  142).  Therefore,  <  1 1 1  >  edge  dislocations  on  {110}  planes  are  unstable 
with  respect  to  dissociation  into  <100>  +  <110>  dislocations  or  into  three  <100>  type  dislocations  at 
room  temperature.  Conversely,  near  edge  <111>  type  dislocations  on  {112}  planes  are  observed  in  NiAl 
after  room  temperature  deformation,  as  expected  (ref.  142).  At  elevated  temperatures  (greater  than 
~700  K)  all  <111>  dislocations  in  NiAl  tend  to  dissociate  into  <100>  +  <110>  and  eventually  into 
three  <100>  type  dislocations  (refs.  143  to  145).  These  latter  observations  indicate  that  dislocation  core 
energy  may  also  be  an  important  factor  when  determining  the  stability  of  dislocations  (refs.  143  and  144). 

Several  types  of  sessile  dislocation  loops  are  commonly  observed  in  the  substructure  of  NiAl  (refs.  132 
and  146  to  150).  These  dislocation  loops  are  edge  in  character,  and  lie  in  {001}  planes  with  <100>  Burgers 
vectors.  There  are  two  distinct  forms  of  these  loops  as  demonstrated  in  figure  8.  The  most  common  is  a 
square  loop,  with  rounded  corners,  with  segments  parallel  to  <100>  (refs.  146  to  150).  The  other  type  of 
square  loop  consists  of  segments  aligned  strictly  along  <110>  with  extremely  sharp  corners  (refs.  149 
and  150).  The  former  type  of  loop  corresponds  to  the  equilibrium  shape  calculated  on  the  basis  of  elastic 
anisotropy  (refs.  146  and  150).  The  sharp  rectangular  loops,  which  lie  along  <110>  directions  are  com¬ 
posed  of  what  should  be  elastically  unstable  segments  (refs.  146  and  150).  It  has  been  proposed  (ref.  150) 
that  this  type  of  loop  is  stabilized  by  the  dissociation  of  the  perfect  dislocations  into  partial  dislocations 
by  the  following  reaction: 


<001>  -►  1/4<111>  +  1/2<001>  +  1  /4< 111 > 

It  has  also  been  proposed  (ref.  150)  that  this  dissociation  promotes  <001>{110}  slip  over  <001>{100} 
slip  by  significantly  reducing  the  energy  barriers  associated  with  dislocation  motion.  This  is  consistent 
with  experimental  observations  (section  4)  that  indicate  <001>{110}  slip  is  preferred  over  <001>{100} 
slip.  However,  the  dissociation  of  <001  >  dislocations  on  {110}  planes  has  yet  to  be  confirmed  by  high 
resolution  electron  microscopy  (HREM). 

To  date,  no  observations  on  the  core  structure  or  dissociation  of  any  dislocations  in  NiAl  by  HREM 
have  been  published,  though  work  is  ongoing  in  this  area.  At  present,  the  core  structure  of  various  dis¬ 
locations  in  NiAl  and  thus  an  indication  of  dislocation  mobility  are  inferred  from  theoretical  calculations. 
Some  of  the  earlier  work  in  this  area  has  been  reviewed  in  detail  by  Yamaguchi  (ref.  151)  and  Vitek  and 
Yamaguchi  (ref.  152).  Core  structure  calculations  of  <001>  screw  dislocations  in  a  “model”  CsCl  lattice 
using  central  force  potentials  has  been  conducted  by  Yamaguchi  and  Umakoshi  (refs.  153  and  154).  Their 
work  predicts  {110}  as  the  operative  slip  plane  at  low  temperatures  while  thermally  activated  cross-slip 
of  <001  >  screw  dislocations  onto  orthogonal  {110}  planes  can  occur  at  elevated  temperatures.  Also,  the 
Peierls  stress  to  move  screw  dislocations  on  {110}  was  determined  to  be  quite  low,  0.007  G,  where  G  is 
the  shear  modulus.  This  low  stress  level  was  a  consequence  of  the  already  quite  planar  core  structure  of 
the  screw  dislocation  under  stress  free  conditions.  Therefore,  no  complex  core  transformations  are  neces- 
%  sary  before  <001  >  screw  dislocations  can  begin  to  move. 

Benhaddane  and  Beauchamp  (ref.  155)  have  also  performed  a  similar  analysis  for  <100>{001}  edge 
•  dislocations  using  two  different  sets  of  interatomic  potentials.  When  they  used  the  same  potentials  as 

were  used  by  Yamaguchi  and  Umakoshi  (refs.  153  and  154),  they  calculated  an  antiphase  boundary 
(APB)  energy  on  (110)  of  107  mJ/m2  and  determined  that  the  dislocation  core  was  narrow.  They  also 
performed  the  analysis  using  potentials  which  lead  to  an  APB  energy  on  (110)  of  700  mJ/m2  (ref.  155), 
which  is  probably  closer  to  the  actual  value  for  NiAl  (section  3.3).  In  this  case  the  dislocation  core  was 
predicted  to  be  wider  but  extended  in  the  {010}  glide  plane. 


11 


The  core  structure  of  <111>  screw  dislocations  in  a  “model”  CsCl  lattice  have  been  calculated  for  the 
case  of  a  unit  dislocation  (ref.  156)  and  a  dissociated  dislocation  (ref.  157).  In  either  case,  the  deformation 
of  CsCl-type  crystals  at  low  temperatures  by  <111>  slip  is  governed  by  the  movement  of  screw  disloca¬ 
tions  with  their  complex,  nonplanar  core  structures,  similar  to  the  case  of  simple  BCC  metals  (refs.  151 
and  152). 

More  recent  work  specifically  addressing  the  potential  slip  systems  in  NiAl  as  been  performed  by 
Farkas  et  al.  (ref.  158)  using  embedded  atom  potentials.  Their  calculations  indicated  that  <100>,  <110>, 
and  <111>  dislocations  all  possess  components  of  a  nonplanar  core  configuration  find  that  a  large  stress 
(>3x  10'2  G)  would  be  necessary  before  any  of  these  dislocations  became  mobile.  It  was  also  determined 
that  the  lowest  energy  configuration  for  a  <111>  dislocation  was  as  an  undissociated  unit  dislocation. 

This  prediction  is  consistent  with  reported  observations  of  <111>  dislocations  in  NiAl  (refs.  141  and  142). 


3.3  Planar  Defects 

Theoretical  analyses  of  the  possible  planar  faults  resulting  from  the  movement  of  partial  dislocations 
in  B2  crystals,  have  been  performed  with  varying  degrees  of  sophistication  (refs.  159  and  160).  From 
these  studies  it  is  apparent  that  the  only  stable  faults  likely  to  occur  in  NiAl  are  l/2a0<lll>  APB  on 
{110}  and  {112}  planes.  However,  deformation-induced  planar  faults  generally  have  not  been  observed  in 
NiAl  r’ioys  (refs.  141  and  142).  The  only  exception  was  the  observation  of  a  segment  of  a  <  1 1 1  >  dis¬ 
location  of  near  edge  orientation  that  was  reported  to  be  dissociated  into  two  1/2<111>  dislocations 
after  annealing  at  673  K  (ref.  161).  However,  this  observation  can  be  rationalized  as  an  artefact  due  to 
double  diffraction  at  the  core  of  the  <1 1 1  >  superlattice  dislocation  (ref.  142). 

The  inability  to  differentiate  splitting  in  superlattice  dislocations  strongly  suggests  that  a  high  fault 
energy  exists  in  NiAl,  though  values  for  APB  energies  in  the  literature  vary  significantly.  Original  (ref. 
139)  estimates  of  APB  energy,  7,  in  NiAl  were  based  on  an  Ising  model  and  resulted  in  7  =  223  mJ/m2 
for  l/2ao<lll>{110},  but  estimates  of  interaction  energies  used  in  the  formulation  were  probably  too 
low  for  NiAl.  This  value  did  agree  with  the  observation  by  Campany  et  al.  (ref.  161)  of  a  <111>  dis¬ 
location  dissociated  4.5  nm  on  a  {110}  plane  after  annealing  at  673  K.  This  separation  width  is  equiva¬ 
lent  to  an  APB  energy  of  approximately  200±40  mJ/m2  (ref.  161).  The  agreement  between  these  results, 
however,  is  fortuitous  and  due  to  double  diffraction  effects  during  the  TEM  investigation  (ref.  142). 

The  1/2<111>  APB  energy  for  NiAl  was  also  calculated  from  molecular  dynamics  simulations  at 
240  mJ/m2  on  the  (110)  plane  and  380  mJ/m2  on  the  (112)  plane,  respectively,  and  were  found  to  be 
independent  of  temperature  (ref.  55).  These  values  are  also  too  low  and  imply  a  stable  dissociation  into 
1/2<111>  edge  companion  superpartials  over  about  2.7  nm  in  a  {112}  plane.  This  separation  distance 
would  have  been  detected  in  the  weak  beam  TEM  study  by  Veyssiere  and  Noebe  (ref.  142)  in  which  a 
resolution  of  1  to  1.5  nm  was  attained  but  in  which  no  dissociation  of  <111>  superlattice  dislocations 
was  observed.  Therefore,  estimating  the  maximum  dissociation  distance  at  1.5  nm  would  correspond  to 
antiphase  boundary  energies  of  at  least  500  and  750  mJ/m2  in  the  {110}  and  {112}  planes,  respectively 
(ref.  142).  This  much  higher  value  for  the  APB  energy  in  NiAl  is  consistent  with  all-electron  self-con¬ 
sistent  total  energy  LMTO  calculations  by  Hong  and  Freeman  (refs.  54  and  162)  and  the  first  principle 
total  energy  calculations  of  Fu  and  Yoo  (ref.  20)  which  predict  that  1/2<111>  APB  energies  on  either 
{110}  or  {112}  planes  are  on  the  order  of  800  mJ/m2. 

Planar  faults  have  been  observed  in  Al-rich  NiAl  alloys  (refs.  163  and  164).  The  exact  nature  of  these 
faults  remains  uncertain,  but  they  have  been  observed  to  form  parallel  to  {001}  NiAl  planes  (refs.  163 
and  164),  increase  in  density  as  the  composition  of  the  alloy  becomes  more  Al-rich  (ref.  164)  and  act  as 
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heterogeneous  nucleation  sites  for  Ni2Al3  in  alloys  which  are  close  to  the  NiAl/Ni^Alg  phase  boundary 
(ref.  164).  These  planar  faults  are  suggested  to  form  by  the  nucleation  of  excess  vacancies  and  A1  atoms 
on  {100}  planes  (ref.  163).  While  it  has  not  been  experimentally  determined  that  the  w-like  defects  (dis¬ 
cussed  in  section  3.1)  are  related  to  or  are  possible  nuclei  for  these  planar  faults  and  for  the  eventual 
nucleation  of  the  NijALj  phase,  the  relationship  is  intriguing  and  could  be  the  basis  of  an  interesting 
HREM  study. 


4.  OPERATIVE  SLIP  SYSTEMS 

Investigation  of  operative  slip  systems  has  been  one  of  the  more  active  areas  of  research  concerning 
NiAl.  Considerable  effort  has  been  expended  by  numerous  investigators  to  experimentally  determine  the 
operative  slip  systems  in  near-stoichiometric  NiAl  single  crystals  (refs.  138,  141  to  145,  and  165  to  176) 
and  polycrystalline  alloys  (refs.  128,  177,  and  178)  and  to  justify  slip  behavior  on  a  theoretical  basis 
(refs.  20,  138,  139,  179,  and  180).  The  general  consensus  of  these  studies  is  that  NiAl  exhibits  two  signifi¬ 
cantly  different  types  of  slip  behavior,  with  the  dominate  slip  vector,  T7,  either  <001>  for  “soft”  orienta¬ 
tions  or  a  combination  of  <111>,  <110>,  and  <100>,  depending  upon  temperature,  for  “hard”  orientations 
(table  I).  Soft  orientations  include  all  non-<001>  loading  directions  where T>  =  <100>  slip  dominates; 
and  test  orientations  close  to  <001  >  are  the  “hard”  orientations  because  <001  >  Burgers  vectors  have  a 
zero  or  near-zero  resolved  shear  stress. 


4.1  Slip  In  “Soft”  Orientation  Single  Crystals 

4.1.1  Theoretical  predictions. — Rachinger  and  Cottrell  (ref.  179)  were  the  first  to  theoretically 
approach  the  problem  of  predicting  slip  directions  in  ordered  B2  structures  and  did  so  on  the  basis  of 
ordering  energy.  They  deduced  a  critical  bond  strength  of  0.06  eV/atomic  bond  (5.79  kJ/mol),  above 
which  aQ<001>(110)  slip  would  be  preferred  for  deformation  and  below  which  formation  of  a  super¬ 
dislocation  of  two  a/2<lll>  imperfect  dislocations  joined  by  a  ribbon  of  APB  would  occur.  Since  the 
formation  energy  for  NiAl  has  been  measured  between  59  and  72  kJ/mol  (refs.  25  and  28)  which  cor¬ 
responds  to  an  ordering  energy  of  between  0.076  and  0.093  eV / atomic  bond,  the  slip  system  predicted 
according  to  Rachinger  and  Cottrell  should  be  <001>{110}. 

Lautenschlager  et  al.  (ref.  159)  analyzed  slip  modes  in  B2  alloys  in  terms  of  a  hard  sphere  model. 
They  concluded  that  the  usual  BCC  slip  systems,  (e.g.,  <111>  on  {123},  {112},  and  {110}  slip  planes), 
as  well  as  <110>{110},  <100>{110},  and  <100>{100}  are  all  highly  probable  in  CsCl-type  materials. 
The  preference  for  a  particular  slip  system  was  determined  to  depend  on  the  atom  size  ratio,  the  type  of 
bonding,  crystal  orientation,  and  the  tendency  for  dislocations  to  dissociate  and  form  antiphase  bound¬ 
aries.  In  a  material  like  NiAl,  which  has  metallic  bonding  strongly  reinforced  with  a  covalent  component, 
Lautenschlager  et  al.  (ref.  159)  concluded  that  the  atomic  radius  ratio  is  the  most  important  criteria  for 
determining  operative  slip  systems.  In  the  case  of  NiAl,  with  a  radius  ratio  of  0.847  they  concluded  that 
.  <100>{110}  and  <100>{100}  slip  should  be  the  primary  systems. 

Predictions  of  slip  systems  in  NiAl  have  also  been  made  by  Ball  and  Smallman  (ref.  138)  and  Potter 
*  (ref.  139)  using  anisotropic  elasticity  theory  to  calculate  dislocation  line  energies  and  mobilities  (glide 

parameter)  for  various  types  of  dislocations.  Similar  calculations  were  later  performed  by  Mendiratta  and 
Law  (ref.  180)  for  Fe-Al  alloys  and  NiAl  except  that  the  mobility  parameter  was  modified  to  take  into 
account  the  displacement  normal  to  the  slip  plane  through  the  radius  ratio.  Based  on  all  three  studies, 
aQ<100>  dislocations  have  the  lowest  energy  and  based  on  both  dislocation  energies  and  glide  consider¬ 
ations,  the  operative  slip  system  predicted  would  be  <100>{011}.  Yet,  cube  slip  (<100>{001})  cannot 
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be  ruled  out  because  it  is  predicted  to  occur  at  stresses  only  slightly  higher  than  for  <100>{011}  slip 
(refs.  138  and  139). 

Finally,  Yoo  et  al.  (ref.  181)  and  Fu  and  Yoo  (ref.  20)  have  reviewed  the  slip  processes  in  B2-type 
compounds  including  NiAl,  on  the  basis  of  energetic  and  kinetic  aspects  of  dislocation  motion.  They  con¬ 
cluded  that  <001  >  slip  in  NiAl  was  a  consequence  of  the  relatively  high  APB  energy  and  weak  repulsive 
elastic  force  between  partial  dislocations  that  makes  dissociation  of  <  1 1 1  >  superdislocations  into  partial 
dislocations  unlikely. 

In  summary,  it  appears  that  all  techniques  used  to  predict  the  general  slip  behavior  of  NiAl,  regardless 
of  complexity  and  based  on  criteria  as  different  as  ordering  energies,  constituent  radius  ratios,  dislocation 
energies  and  mobilities  and  first  principal  calculations  all  arrive  at  the  same  result.  NiAl  should  have  a 
<100>  slip  vector  and  {011}  slip  plane  with  the  possibility  for  slip  also  occurring  on  {001}  type  planes. 

4.1.2  Observed  behavior. — Table  I  contains  a  compendium  of  observed  slip  systems  as  a  function  of 
orientation  and  temperature  for  NiAl.  From  this  table  it  is  apparent  that  experimental  investigation  of 
the  operative  slip  systems  in  soft  orientation  single  crystals  confirms  the  analyses  of  the  previous  section. 
The  only  observed  slip  systems  responsible  for  deformation  of  single  crystals  of  non-  <001  >  orientated 
NiAl  identified  by  numerous  TEM  and  slip  trace  studies  have  been  <001>{110}  and  <001>{100},  inde¬ 
pendent  of  deformation  temperature  (refs.  141,  144,  165  to  167,  169,  172,  173,  175,  and  176). 

An  <001  >  slip  vector  was  first  confirmed  by  Pascoe  and  Newey  (ref.  167)  by  surface  slip  trace  analy¬ 
ses  on  single  crystals  deformed  at  room  temperature  and  later  substantiated  by  Loretto  and  Wasilewski 
(ref.  141)  who  performed  a  TEM  study  on  deformed  [112]  oriented  single  crystals.  Ball  and  Smallman 
(refs.  138  and  182)  identified  the  operation  of  <001>{110}  slip  in  NiAl  by  TEM  and  concluded  that  NiAl 
slipped  on  {110}  planes  in  all  soft  orientations  and  at  all  temperatures  investigated  (300  to  1273  K).  They 
also  observed  cross  slip  or  pencil  glide  on  orthogonal  {110}  planes.  Wasilewski  et  al.  (ref.  165)  utilized 
optical  microscopy,  replica  electron  microscopy  and  x-ray  diffraction  techniques  to  investigate  slip  in 
NiAl.  In  addition  to  observing  <001>{110}  slip,  they  observed  duplex  cube  slip,  <010>{100},  in  [110] 
oriented  single  crystals.  In  agreement  with  anisotropic  elasticity  theory  (refs.  138  and  139),  cube  slip  was 
observed  at  higher  resolved  stresses  than  for  <001>{110}  slip.  For  orientations  other  than  [100]  and  [110], 
only  single  slip  of  the  type  <001>{110}  was  observed  by  Wasilewski  et  al.  (ref.  165).  However,  <001>  slip 
on  cube  planes  was  also  observed  by  Loretto  et  al.  (refs.  141  and  172)  in  [112]  crystals  deformed  between  77 
and  1053  K.  More  recent  experiments  by  Kim  et  al.  (refs.  144  and  175)  and  Field  et  al.  (ref.  173)  have 
also  confirmed  the  operation  of  a  <001  >  slip  vector  at  low  and  intermediate  temperatures  in  soft  orientar 
tion  single  crystals.  TEM  analyses  of  high  temperature  creep  samples  have  also  confirmed  the  almost 
exclusive  existence  of  <001>  dislocations  in  as-deformed  non-[00l]  samples  (refs.  166,  176,  and  183). 


4.2  Slip  In  “Hard”  Orientation  Single  Crystals 

4.2.1  Theoretical  predictions. — The  only  attempts  to  predict  operative  slip  systems  during  deforma¬ 
tion  of  [001]  oriented  NiAl  crystals  were  made  by  Ball  and  Smallman  (ref.  138)  and  Potter  (ref.  139) 
using  anisotropic  elasticity  theory  to  calculate  dislocation  line  energies  and  glide  parameters.  Based  on 
these  criteria,  room  temperature  slip  is  predicted  to  occur  by  dislocations  with  <110>  Burgers  vectors, 
which  is  the  one  slip  vector  that  is  not  observed  at  low  temperatures  in  deformed  [001]  NiAl  (table  I). 

For  this  reason,  Potter  (ref.  139)  suggested  that  ordering  energy  should  also  be  considered  when  predict¬ 
ing  slip  behavior.  This  is  a  reasonable  suggestion  since  movement  of  dislocations  with  different  Burgers 
vectors  leads  to  a  different  closest  distance  of  approach  for  the  involved  atoms.  For  example,  the  move¬ 
ment  of  dislocations  of  T)  =  ag<110>  involves  forcing  like  atoms  to  become  nearest  neighbors  at  the  half- 
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slipped  position.  This  is  an  energetically  unfavorable  situation  in  a  material  like  NiAl  that  has  a  high 
ordering  energy  and  directional  bonding. 

4.2.1  Observed  behavior. — In  the  special  case  of  [001]  oriented  NiAl  single  crystals,  the  resolved  shear 
stress  for  <100>  slip  approaches  zero  and  the  stress  necessary  for  deformation  is  several  times  greater 
than  that  for  any  other  orientations  at  low  and  intermediate  temperatures  (refs.  144,  165,  and  174). 
Consequently,  deformation  of  [001]  NiAl  single  crystals  is  unique  compared  to  soft  orientations  and  there¬ 
fore,  a  significant  amount  of  work  has  been  spent  on  analyzing  and  understanding  the  operative  slip  sys¬ 
tems  in  “hard”  crystals  through  experimental  means. 

At  liquid  nitrogen  temperatures  (77  K),  the  observed  slip  direction  is  <111>  on  either  {123}  planes 
(ref.  167),  {112}  planes  (refs.  141,  144,  and  167)  or  {110}  planes  (ref.  141).  Between  room  temperature 
and  approximately  600  K  both  kinking  (refs.  14,  167,  170,  175,  182,  184,  and  185)  and  uniform  deforma¬ 
tion  by  <111>  slip  on  {112}  and  {110}  planes  has  been  observed  (refs.  141  to  144,  174,  and  184).  At 
higher  temperatures  (>600  K),  where  tensile  ductility  can  be  achieved  in  [001]  crystals,  deformation  has 
been  reported  to  be  the  result  of  <110>  dislocations  (refs.  166,  167,  and  169)  <001  >  dislocations  (refs.  145, 
170,  171,  and  185)  or  a  combination  of  glide  and  climb  of  both  <001>  and  <011>  type  dislocations 
(refs.  143,  144,  and  184).  Finally,  at  elevated  temperatures,  both  <100>  and  <110>  dislocations  have 
been  observed  after  creep  deformation  of  [001]  single  crystals  (refs.  166  and  176).  The  observation  of 
<110>  dislocations  have  included  both  segments  of  dislocations  that  are  contained  within  subgrain 
boundaries  which  formed  during  creep  as  well  as  dislocations  within  the  subgrains. 

It  was  first  postulated  by  Bowman  et  al.  (ref.  174),  that  sample  geometry  played  an  important  role  in 
determining  the  deformation  behavior  of  [001]  single  crystals  in  compression  at  low  and  intermediate  tem¬ 
peratures.  Thus  explaining  some  of  the  conflicting  observations  described  above.  In  studies  where  kink¬ 
ing  was  observed  at  or  above  room  temperature  (refs.  167,  170,  182,  and  185),  the  compression  specimen 
length  to  diameter  (l:d)  ratio  was  2.4  to  3  which  is  an  elastically  unstable  geometry,  whereas  those  studies 
where  uniform  slip  occurred  (refs.  141,  149,  and  174),  the  l:d  ratio  was  about  2.  These  sample  geometry 
effects  were  verified  in  a  recent  study  by  Field  et  al.  (ref.  184). 

Figure  9  demonstrates  the  microstructure  which  results  when  a  [001]  Ni-50A1  single  crystal  with  a  l:d 
ratio  of  2  is  deformed  uniformly  without  kinking  at  room  temperature.  The  slip  systems  identified  in  the 
micrograph  are  [111](112)  and  [111](112).  For  larger  l:d  ratios,  room  and  intermediate  temperature  obser¬ 
vation  of  <001  >  dislocations  in  [001]  NiAl  samples  can  be  attributed  to  a  kinking  mechanism  similar  to 
that  which  occurs  in  HCP  metals  (ref.  186).  For  NiAl  single  crystals  stressed  close  to  [001],  the  resolved 
shear  stress  on  <001  >  dislocations  is  a  very  small  fraction  of  the  applied  stress  and  elastic  bending  of 
{110}  planes  would  be  necessary  before  dislocations  of  T)  =  a0<001>  could  accommodate  any  plastic  defor¬ 
mation  (ref.  171).  This  bending,  and  therefore  kinking,  would  be  very  dependent  on  specimen  orientation, 
specimen  alignment,  discontinuities  in  the  sample  and  would  have  a  higher  probability  of  occurrence  in 
samples  with  a  greater  l*d  ratio.  At  higher  temperatures  where  deformation  can  be  accommodated  by  climb 
processes,  kinking  would  'iso  be  rate  dependent  as  demonstrated  by  Fraser  et  al.  (refs.  170  and  171). 

Uniform  deformation  of  near  [001]  crystals  at  low  temperatures  can  occur  by  <001  >  slip  (without 
macrokinking)  only  by  increasing  the  ember  of  dislocation  sources  present  in  the  crystal  (ref.  175).  This 
can  be  accomplished  through  the  incorporation  of  an  adherent  oxide  film  on  the  sample  surface  by  pre¬ 
oxidation.  Then  through  a  “microkinking”  mechanism,  uniform  deformation  of  the  crystal  can  occur  by 
<001>  slip  at  stresses  significantly  below  those  required  for  macroscopic  kinking  or  <111>  slip  (ref.  175). 
Conversely,  Field  et  al.  (ref.  187)  as  well  as  Miracle  et  al.  (ref.  188)  have  found  that  alloying  additions  of 
Cr  to  NiAl  promoted  the  activation  of  <11 1>  slip  over  deformation  by  kinking  for  a  constant  I:d  ratio. 


15 


This  was  believed  to  result  from  differential  proportional  hardening  of  the  <100>  versus  <11 1>  slip 
systems  (ref.  187). 

When  kinking  is  suppressed  in  [001]  single  crystal  NiAl,  a  change  in  deformation  behavior  with  tem¬ 
perature  occurs  at  intermediate  temperatures  as  amply  demonstrated  by  Kim  (refs.  143  and  144)  and 
summarized  in  figure  10.  This  change  in  deformation  behavior  has  been  attributed  to  the  instability  of 
<111>  dislocations  at  elevated  temperatures  and  decomposition  of  these  dislocations  into  a  <100>  and 
<110>  dislocations  (refs.  143  and  144). 

The  behavior  that  can  be  deduced  from  studies  concerned  with  the  deformation  of  [001]  NiAl  can  be 
summarized  in  the  following  manner.  Kinking  is  an  artifact  of  an  unstable  testing  geometry,  which  pro¬ 
ceeds  by  movement  of  <001  >  dislocations.  When  kinking  is  suppressed,  deformation  occurs  by  slip  of 
<111>  dislocations  below  about  600  K.  Above  600  K,  which  corresponds  to  the  tensile  brittle-to-ductile 
transition  temperature  (BDTT)  for  [001]  oriented  Ni-50A1,  deformation  occurs  by  glide  and  climb  of 
<001  >  and  <110>  dislocations,  as  <111>  dislocations  become  thermally  unstable. 


4.3  Bicrystals  and  Polycrystalline  Material 

Consistent  with  previous  deformation  studies  on  soft  orientation  single  crystals,  a  recent  study  on  the 
brittle-to-ductile  transition  temperature  of  polycrystalline  NiAl  (ref.  128)  reports  the  observation  of  only 
<001  >  dislocations  in  samples  uniaxially  deformed  between  300  to  900  K.  Room  temperature  deforma¬ 
tion  of  polycrystalline  NiAl  by  <001>  slip  has  also  been  reported  by  Lautenschlager  et  al.  (ref.  177), 
Vedula  et  al.  (ref.  178),  and  Cotton  (ref.  189). 

Isolated  dislocation  segments  with  Burgers  vectors  other  than  <001  >  have  been  observed  in 
as-extruded  NiAl  alloys  (refs.  140,  190,  and  191).  However,  the  presence  of  non-<001>  dislocations  in 
these  studies  do  not  constitute  an  alternative  deformation  mechanism  but  are  probably  formed  as  a  result 
of  dislocation  interactions  between  gliding  ag<001>  dislocations  (refs.  145  and  190)  and  are  observed 
only  in  dynamically  recrystallized  materials  after  extrusion. 

Only  a  few  substantial  reports  of  deformation  by  non- <001  >  slip  in  polycrystalline  NiAl  exist.  These 
include  the  observation  by  Lasalmonie  (ref.  192)  of  limited  <01 1>  slip  in  near  stoichiometric  polycrystal¬ 
line  NiAl  deformed  between  850  to  900  K  to  very  small  strains.  Under  all  other  conditions,  including 
lower  and  higher  deformation  temperatures  and  at  larger  strains  at  850  to  900  K,  <001  >  dislocations 
were  exclusively  observed.  Dollar  et  al.  (refs.  193  and  194)  have  also  reported  <110>{110}  type  dis¬ 
locations  after  room  temperature  deformation  of  mechanically  alloyed  and  extruded  NiAl  containing  small 
additions  of  Ti  and  Mo,  however,  the  predominant  Burgers  vector  was  still  <100>. 

Dislocations  with  <01 1>  slip  vectors  have  also  been  observed  in  special  orientations  of  bicrystals 
deformed  at  room  temperature  and  933  K  (refs.  195  and  196).  But,  the  <01 1>  dislocations  were  only 
observed  in  those  halves  of  the  bicrystals  which  had  an  [001]  orientation  while  <001  >  slip  was  observed 
in  all  other  bicrystal  orientations.  The  observation  of  non-  <001  >  slip  in  [001]  oriented  halves  of 
bicrystals  is  not  surprising  since  [001]  single  crystals  tend  to  deform  by  non-<001>  slip,  as  discussed  in 
the  previous  section. 

Until  more  conclusive  work  is  performed,  the  observation  of  dislocations  with  non-<001>  slip  vectors 
in  deformed  polycrystalline  material  should  not  be  taken  as  a  general  behavior  for  NiAl.  The  limited 
observations  of  <01 1>  slip  (refs.  192,  193,  195,  and  196)  appear  to  be  exceptions  that  only  occur  under 
very  specific  conditions.  Therefore,  as  in  soft  orientation  single  crystals  and  consistent  with  all  theoreti- 
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cal  results,  it  can  be  concluded  that  deformation  of  polycrystalline  NiAl  occurs  by  the  operation  of  <001  > 
dislocations.  It  is  also  recommended  that  future  studies  examining  the  relevance  of  non-<100>  slip  in  the 
deformation  of  NiAl  should  analyze  multiple  samples  and  provide  adequate  statistical  evidence  as  to  the 
percentage  of  each  type  of  dislocation  present  in  the  material,  as  in  the  study  by  Cotton  (ref.  189). 


4.4  Effect  Of  Alloying  Additions  On  Slip  Character 

One  common  approach  in  attempting  to  improve  the  ductility  and  toughness  of  NiAl  has  been  the 
addition  of  ternary  macroalloying  elements  in  an  effort  to  enhance  or  modify  slip  processes  (refs.  197 
to  199).  The  primary  criteria  for  alloying  has  been  the  identification  of  elements  which  may  lower  the 
ordering  energy  of  NiAl  thus  making  <111>  slip  easier.  This  idea  is  summarised  in  figure  11,  which 
illustrates  the  relationship  between  thermodynamic  properties  and  slip  behavior  of  various  B2  compounds. 
This  figure  qualitatively  indicates  that  Cr,  Mn,  and  V  are  reasonable  choices  for  promoting  <111>  slip  in 
NiAl  in  agreement  with  calculations  based  on  interatomic  potential  models  (refs.  54  and  162).  These 
models  have  demonstrated  that  up  to  70  percent  reductions  in  APB  energy  are  possible  with  alloying 
additions  of  at  least  17  at  %.  In  reality,  such  large  alloying  additions  are  not  possible,  as  the  solubility  of 
Cr  and  V  in  NiAl  is  much  lower.  For  example,  the  solubility  of  Cr  in  NiAl  is  approximately  1  to  2  at  % 
on  either  sublattice  (ref.  189  and  200);  while  the  solubility  of  V  is  on  the  order  of  5  to  12  at  %  when 
substituted  for  A1  (refs.  201  and  202)  and  essentially  zero  when  substituted  for  Ni  (ref.  201). 

In  spite  of  the  low  solubility  for  Cr  in  NiAl,  but  in  apparent  agreement  with  the  ideas  presented 
above,  <111>  slip  has  been  reported  in  polycrystalline  NiAl  alloyed  with  approximately  5  percent  Cr  or 
Mn  (refs.  197  and  198).  Although  operation  of  <111>  slip  satisfies  the  requirement  for  generalized  poly¬ 
crystalline  plasticity  (ref.  203),  no  tensile  ductility  was  reported  in  these  materials  at  low  temperatures 
but  a  change  in  fracture  mode  from  intergranular  to  transgranular  cleavage  was  observed  (ref.  197). 

These  results  were  a  very  small  part  of  a  much  larger  survey  program  by  Law  and  Blackburn  (refs.  197 
and  198)  and  therefore  a  detailed  understanding  of  the  behavior  of  these  materials  was  not  attempted. 

More  recent  and  thorough  work  on  NiAl(Cr)  alloys  by  Cotton  et  al.  (refs.  189  and  199)  has  not  been 
able  to  verify  Law  and  Blackburn’s  observations.  Dislocation  analysis  of  deformed  NiAl(Cr)  alloys, 
which  included  34  different  ternary  alloy  compositions  and  over  2000  dislocations,  failed  to  observe  any 
significant  <111>  activity.  To  eliminate  any  chance  that  processing  or  chemistry  effects  could  influence 
the  above  observations,  a  piece  of  the  original  alloy  studied  in  references  197  and  198  was  also  examined. 
Again  no  significant  presence  of  <111>  slip  was  observed  in  the  as-cast  or  deformed  material  (refs.  189 
and  199).  While  all  of  the  alloys  studied  by  Cotton  et  al.  (refs.  189  and  199)  contained  almost  exclu¬ 
sively  <001  >  dislocations,  in  materials  processed  by  extrusion,  approximately  4  percent  of  the  disloca¬ 
tions  had  <110>  Burgers  vectors.  These  segments  were  thought  to  be  sessile  dislocation  reaction  prod¬ 
ucts  from  the  extrusion  process  and  had  no  effect  on  room  temperature  deformation. 

Other  studies  (refs.  185,  187,  and  188)  which  are  often  referenced  to  support  the  operation  of  <111> 
slip  in  NiAl  due  to  Cr  or  V  additions  were  performed  on  [001]  oriented  single  crystals.  Since  <111> 
would  be  the  preferred  slip  vector  in  this  orientation  even  in  the  binary  alloy,  no  conclusion  about  the 
effect  of  alloying  on  slip  can  be  obtained  from  these  studies.  The  slip  behavior  of  polycrystalline  Ni-Fe-Al 
alloys  has  also  been  studied  (refs.  204  and  205)  and  again  the  observation  of  <100>  slip  was  almost 
exclusive  in  the  B2  phase  NiAl(Fe)  alloys. 

It  appears  that  alloying  jf  NiAl  with  the  intention  of  altering  the  operative  slip  vector  has  to  date 
been  unsuccessful,  especially  in  generating  <11 1>  dislocations.  However,  little  effort  has  been  expended 
on  Mn,  which  is  the  third  potentially  beneficial  alloying  addition.  Due  to  the  much  greater  solubility  for 
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Mn  (ref.  206)  in  NiAl  compared  to  either  Cr  or  V,  more  extensive  investigation  of  Mn  on  the  slip  behavior 
of  NiAl  would  be  warranted.  Unfortunately,  very  preliminary  results  indicate  that  Mn  and  Cr  co-segregation 
may  be  responsible  for  embrittling  grain  boundaries  in  NiAl  leading  to  very  low  strength  intergranular 
fracture  in  Cr-(-  Mn-doped  alloys  (ref.  199). 

Finally,  the  infrequent  observation  of  <110>{011}  dislocations  in  extruded  alloys  are  thought  to  be 
dislocation  reaction  products  with  little  potential  for  enhancing  plasticity,  however,  this  type  of  slip  could 
be  beneficial  if  glissile  dislocations  could  be  nucleated  readily.  The  operation  of  <110>{110}  slip  alone 
supplies  only  two  independent  slip  systems,  as  demonstrated  in  table  II,  however  these  slip  systems  are  * 

independent  of  <100>{110}  slip  common  to  NiAl.  Therefore,  the  simultaneous  operation  of  both  families 
of  slip  systems  would  meet  the  von  Mises  criterion  for  polycrystalline  ductility  (ref.  207). 


5.  YIELD  STRENGTH  AND  FLOW  BEHAVIOR 

Although  yield  stress  is  one  of  the  most  commonly  reported  mechanical  properties  for  NiAl,  a  consis¬ 
tent  description  of  all  factors  that  can  influence  yielding  and  plastic  flow  behavior  in  this  material  does 
not  exist.  Inconsistencies  in  reported  flow  behavior  for  NiAl  alloys  are  evident  in  the  literature,  in  part 
because  the  flow  properties  of  NiAl  are  highly  sensitive  to  variables  such  as  composition,  strain  rate,  grain 
size,  cooling  rate,  surface  finish  and  specimen  fabrication.  Since  most  studies  neglected  to  report  all  of 
these  variables,  meaningful  comparisons  of  individual  studies  are  difficult.  In  particular,  the  presence  of 
impurities  or  slight  deviations  from  stoichiometry,  which  can  be  very  difficult  to  measure,  can  drastically 
influence  the  flow  properties  of  NiAl  alloys.  Nevertheless,  factors  which  influence  the  flow  behavior  of 
NiAl  are  reviewed  in  the  following  sections  and  trends  in  behavior  have  been  identified. 


5.1  Factors  That  Influence  the  Strength  of  Polycrystalline  NiAl 

5.1.1  Temperature. — At  room  temperature,  Nagpai  et  al.  (ref.  208)  have  reported  an  asymmetry  in 
yield  stress,  on  the  order  of  50  MPa,  with  the  compressive  yield  stress  being  higher  than  that  in  tension. 
Since  the  flow  properties  of  NiAl  are  extremely  sensitive  to  many  metallurgical  properties,  confirmation  of 
this  observation  is  possible  only  by  comparing  identical  materials.  Subsequently,  work  (ref.  209)  on  elec- 
tropolished  tension  and  compression  specimens  taken  from  the  same  extrusion  rod  has  failed  to  show  a 
statistically  significant  difference  in  the  yield  values  in  tension  versus  compression  for  polycrystalline 
NiAl.  In  addition,  <111  >  oriented  single  crystals  with  different  surface  finishes  were  also  tested  and  it 
was  found  that  yield  values  in  compression  using  as-machined  finishes  were  approximately  20  MPa  higher 
than  that  of  identical  material  tested  with  an  electropolished  surface.  Differences  in  surface  finish  could 
possibly  explain  the  observation  by  Nagpai  et  al.  (ref.  208)  of  an  anisotropic  yield  stress  since  most  inves¬ 
tigators  electropolish  tensile  samples  before  testing  but  generally  not  compression  specimens.  Finally, 
when  electropolished  Ni-50A1  specimens  were  compared,  the  <111>  single  crystal  yield  stresses  were  close 
to  that  of  the  poly  crystalline  material  which  had  a  <111>  extrusion  texture  (ref.  209). 

Similar  to  BCC  metals,  the  flow  stress  of  NiAl  exhibits  a  strong  temperature  dependence  at  low  abso¬ 
lute  temperatures  (refs.  128,  182,  and  212  to  222)  which  is  attributed  to  a  large  Peierls  stress.  Although 
yield  stress  is  highly  sensitive  to  metallurgical  properties,  all  studies  agree  that  yield  stress  either  decreases 
or  remains  constant  with  increasing  temperature.  Several  studies  have  observed  that  the  tensile  strength 
of  NiAl  increases  with  temperature  up  to  approximately  1000  K  (refs.  212,  217,  219,  and  221).  Unfor¬ 
tunately,  the  generic  term  “strength”  is  often  used  loosely,  denoting  either  a  yield  strength  or  a  fracture 
strength.  As  a  result,  reports  of  increased  tensile  strength  as  a  function  of  temperature  have  on  occasion 
been  incorrectly  referenced  as  demonstrating  an  increase  in  yield  stress  with  temperature.  Due  to  the 
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limited  ductility  of  most  NiAl  alloys,  low  temperature  yield  strength  values  are  usually  measured  in  com¬ 
pression  because  fracture  often  occurs  prior  to  yielding. 

In  figure  12  the  results  of  Pascoe  and  Newey  (ref.  216)  are  reproduced  and  serve  as  an  example  of 
typical  NiAl  yield  stress  behavior  as  a  function  of  temperature.  In  this  figure  the  compressive  yield  stress 
for  numerous  extruded  NiAl  compositions  and  two  strain  rates  is  presented.  Although  the  values  of  the 
yield  stress,  <ry,  and  the  shape  of  the  o  versus  temperature,  T,  curves  are  seen  to  depend  on  composi¬ 
tion  and  strain  rate,  in  all  cases  the  yield  stress  basically  decreases  with  increasing  temperature. 

Many  studies  have  been  conducted  since  the  work  of  Pascoe  and  Newey  (ref.  216),  but  because  of 
differences  in  other  metallurgical  variables,  the  values  of  ay  can  be  either  higher  or  lower  than  those 
reported  in  figure  12.  However,  most  studies  agree  that  if  tested  over  a  sufficiently  large  temperature 
range  three  regions  are  typically  observed  in  a  ey  versus  T  plot  of  high  strength  NiAl  alloys,  whereas 
in  lower  yield  strength  NiAl  alloys  the  a  versus  T  curve  appears  essentially  parabolic.  In  the  high 
yield  strength  alloys,  from  the  lowest  temperatures  tested  to  approximately  500  K,  try  decreases  with 
increasing  temperature.  With  further  increases  in  temperature  a  plateau  or  discontinuity  in  the  <ry 
versus  T  curve  is  observed.  This  athermal  plateau  can  span  anywhere  from  a  few  degrees  to  over 
300  K.  At  temperatures  beyond  this  plateau  ay  once  again  decreases  with  increasing  temperature. 

While  three  regions  of  deformation  are  pronounced  in  the  higher  strength  materials,  the  athermal  region 
is  in  some  cases  completely  absent,  with  strength  continuously  decreasing  with  temperature  in  lower 
strength  materials. 

Since  a  is  dependent  on  temperature,  it  is  also  possible  to  represent  the  data  in  an  Arrhenius  form. 
Consequently,  when  log  ay  is  plotted  versus  1/T  for  NiAl  alloys,  three  distinct  deformation  regimes 
are  observed  and  a  change  in  slope  (i.e.,  activation  energy)  is  always  noted  at  the  BDTT  of  the  alloy 
(refs.  128,  215,  and  222)  as  demonstrated  in  figure  13.  It  has  been  suggested  that  the  observed  changes  in 
slope  or  activation  energy  in  figure  13,  correspond  to  activation  of  alternate  deformation  mechanisms.  At 
low  temperatures  (region  I),  dislocation  glide  controls  deformation  whereas  at  high  temperatures 
(region  III)  dislocation  climb  and  other  creep  mechanisms  dominate  (ref.  215). 

In  many  studies  discontinuous  yielding  has  been  observed,  either  in  the  form  of  serrated  stress-strain 
curves  or  the  presence  of  yield  points.  Serrated  yielding  has  been  observed  at  elevated  temperatures 
(~1000  K)  in  an  Al-rich  alloy  (53.3  at  %  Al)  (ref.  210)  and  in  a  Ni-rich  alloy  (55  at  %  Ni)  (ref.  211).  It 
was  suggested  that  the  presence  of  vacancies  in  the  Al-rich  material  was  responsible  for  the  serrated  yield¬ 
ing  (ref.  210)  while  dynamic  recrystallization  was  the  suspected  mechanism  in  the  Ni-rich  material  (ref.  211). 
Yield  points  have  been  reported  both  in  tension  (refs.  213,  217,  and  221)  and  compression  (ref.  216)  test¬ 
ing  of  polycrystalline  NiAl  alloys.  In  each  of  these  studies  the  magnitude  of  the  yield  point  diminished 
with  temperature  disappearing  above  approximately  800  K  except  for  reference  213  where  the  yield  point 
was  not  observed  above  500  K.  As  yet  no  investigation  has  been  conducted  to  isolate  the  mechanics  of 
the  yield  point  phenomenon  in  NiAl. 

5.1.2  Grain  size. — While  a  few  investigations  have  analyzed  the  effect  of  grain  size  on  mechanical 
properties,  only  by  analyzing  all  available  data  can  the  complicated  effect  of  grain  size  on  yield  strength 
of  NiAl  be  understood.  As  shown  in  figure  14,  the  yield  stress  of  NiAl  at  room  temperature  can  be  inde¬ 
pendent,  increase,  or  possibly  decrease  with  decreasing  grain  size,  or  show  a  combination  of  these  behav¬ 
iors.  The  reason  for  the  diverse  range  of  behaviors  can  begin  to  be  understood  by  examining  figure  15. 

In  figure  15  the  Hall-Petch  slope  is  plotted  as  a  function  of  composition  and  the  data  (refs.  128,  208,  223, 
and  224)  clearly  indicate  that  the  influence  of  grain  size  on  yield  stress  increases  with  increasing  deviation 
from  stoichiometry.  Consequently,  yield  stress  is  relatively  independent  of  grain  size  for  NiAl  alloys  very 
close  to  stoichiometry,  whereas  the  yield  stress  of  non-stoichiometric  alloys  is  strongly  influenced  by  grain 
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size.  The  effect  of  grain  size  on  yield  strength  is  further  complicated  when  alloying  additions  are  included, 
as  demonstrated  in  figure  14.  When  NiAl  is  alloyed  with  0.05  at  %  Zr,  the  yield  stress  is  independent  of 
grain  size  for  grain  sizes  between  15  and  280  /im,  but  becomes  strongly  dependent  on  grain  size  for  grains 
less  than  16  ftm  in  size  (ref.  128).  Figure  16  demonstrates  that  temperature  also  influences  the  sensitivity 
of  yield  stress  to  grain  size.  At  elevated  temperatures,  the  yield  stress  of  nonstoichiometric  NiAl  alloys  is 
influenced  to  a  lesser  degree  by  grain  size  than  at  lower  temperatures  (refs.  209  and  251). 

No  satisfactory  explanation  has  been  offered  to  explain  the  dependence  of  ky  on  composition.  Since 
ky  is  a  measure  of  the  grain  boundaries  resistance  to  slip  transmittal,  it  can  be  postulated  that  in  the 
nonstoichiometric  alloys  slip  transferal  across  the  boundaries  is  more  difficult  than  in  stoichiometric  alloys. 
Recent  work  by  Chen  et  al.  (ref.  225)  using  many  body  potentials  has  suggested  that  the  grain  boundary 
structure  in  NiAl  is  affected  by  compositional  deviations  from  stoichiometry  as  is  the  bulk  material. 
Specifically,  their  calculations  show  that  unlike  the  bulk  material,  vacancies  are  the  most  stable  defect  at 
grain  boundaries  for  both  Ni-  and  Al-rich  alloys.  It  is  reasonable  to  assume  that  the  presence  of  vacancies 
at  the  grain  boundaries  of  nonstoichiometric  alloys  can  hinder  slip  transmittal  across  the  boundary  result¬ 
ing  in  an  increase  in  the  Hall-Petch  slope.  Further  work  is  obviously  needed  in  this  area  to  fully  under¬ 
stand  this  phenomena. 

5.1.3  Stoichiometry. — NiAl  exists  as  a  B2  ordered  compound  over  a  very  wide  compositional  range 
(fig.  2).  Therefore,  significant  deviations  are  possible  from  the  stoichiometric  composition  without  alter¬ 
ing  the  basic  crystallography  of  the  material.  In  general,  stoichiometric  Ni-50A1  possesses  a  minimum  in 
flow  stress  and  hardness  and  a  corresponding  maximum  in  ductility.  Westbrook  (ref.  218)  first  noted  the 
effect  of  stoichiometry  during  microhardness  testing  of  arc-melted  buttons,  which  was  followed  by  one  of 
the  most  complete  studies  of  the  effect  of  composition  on  the  flow  behavior  of  NiAl  by  Pascoe  and  Newey 
(ref.  216).  This  later  work  demonstrated  that  deviations  from  stoichiometry  can  significantly  increase  the 
flow  stress  as  well  as  alter  the  shape  of  the  ay  versus  T  plot  (fig.  12).  If  room  temperature  yield  stress 
is  plotted  as  a  function  of  Ni  content,  as  in  figure  17,  a  linear  dependence  with  composition  is  observed  on 
either  side  of  stoichiometry.  Although  the  absolute  values  of  yield  stress  varies  when  comparing  individ¬ 
ual  studies  due  to  differences  in  other  metallurgical  variables,  the  rate  of  hardening  with  deviation  from 
stoichiometry  is  similar. 

Although  an  increase  in  yield  stress  is  observed  for  both  Ni-  and  Al-rich  alloys  at  lower  temperatures, 
the  magnitude  of  the  strengthening  effect  is  not  equivalent.  Most  studies  have  found  a  greater  hardening 
rate  in  the  Al-rich  alloys  suggesting  that  vacancies  provide  a  greater  resistance  to  dislocation  motion  than 
that  produced  by  substitutional  atoms.  Pascoe  and  Newey  (ref.  216)  found  that  hardening  due  to  vacan¬ 
cies  (dff/dc)  was  approximately  twice  that  for  substitutional  Ni  atoms.  Likewise,  Nieh  et  ai.  (ref.  226) 
found  the  hardening  coefficient  to  be  990  MPa/at  %  for  vacancy  defects  and  100  MPa/at  %  for  substitu¬ 
tional  defects.  From  the  compilation  of  data  in  figure  17  an  average  hardening  rate  for  Ni-rich  alloys  is 
120  MPa/at  %  while  that  for  Al-rich  NiAl  is  approximately  350  MPa/at  %. 

Only  two  studies  (refs.  210  and  213)  have  reported  greater  hardening  in  Ni-rich  alloys  than  in 
Al-rich.  Lautenschlager  et  al.  (ref.  210)  reported  greater  strengthening  in  Ni-rich  materials  because  a 
decrease  in  flow  stress  was  observed  as  the  limits  of  the  ^-phase  field  was  approached  for  Al-rich  alloys. 

It  is  possible  that  the  compositions  studied  by  Lautenschlager  et  al.  (ref.  210)  which  were  close  to  the 
ends  of  the  single  phase  field  were  so  brittle  that  compressive  fracture  was  mistaken  for  yielding.  Con¬ 
sequently,  if  these  alloys  are  ignored,  the  remaining  alloys  in  this  study  (ref.  210)  also  show  a  greater 
degree  of  strengthening  for  Al-rich  compositions.  The  results  of  Hahn  and  Vedula  (ref.  213)  at  present 
cannot  be  reconciled  with  the  other  studies.  In  their  work,  the  hardening  rate  for  Al-rich  alloys  was 
approximately  40  MPa/at  %  while  that  of  Ni-rich  alloys  was  70  MPa/at  %. 
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This  apparent  contradiction  in  results  again  illustrates  the  difficulty  in  comparing  various  studies  and 
isolating  mechanisms  based  on  limited  data.  In  this  case,  however,  the  majority  of  evidence  indicates  that 
hardening  is  more  effective  in  Al-rich  alloys  than  in  Ni-rich  alloys.  If  the  increase  in  yield  stress  due  to  the 
presence  of  defects  is  analogous  to  a  solid  solution  strengthening  mechanism  then  it  would  be  expected  that 
greater  hardening  would  occur  in  Al-rich  alloys  due  to  the  greater  dilatation  of  the  lattice  around  the 
vacancy. 

At  low  and  intermediate  temperatures  the  minimum  yield  stress  occurs  in  the  stoichiometric  alloy 
(refs.  216  and  218)  due  to  constitutional  defect  hardening  on  either  side  of  stoichiometry.  Ball  and 
Smallman  (ref.  182)  found  a  reversal  of  this  trend  at  temperatures  above  approximately  850  K  (fig.  18) 
where  the  near-stoichiometric  material  has  a  higher  initial  flow  stress  than  nonstoichiometric  alloys. 

They  also  report  a  decrease  in  the  activation  energy  required  for  self-diffusion  with  deviation  from  stoi¬ 
chiometry.  Therefore,  climb  mechanisms  are  easier  in  the  nonstoichiometric  compositions  and  thus  have 
a  lower  flow  stress  at  elevated  temperatures. 

5.1.4  Alloying  additions. — Solid  solution  alloying  of  NiAl  has  been  explored  in  a  number  of  studies 
(refs.  128,  189,  198,  219,  221,  and  227  to  229)  and  typical  of  BCC  materials  (ref.  230),  the  flow  strength 
of  NiAl  is  greatly  increased  in  the  presence  of  solutes.  Ternary  additions  to  NiAl  have  included  beryllium 
(ref.  227)  boron  (refs.  198,  227,  and  228),  carbon  (ref.  227),  chromium  (ref.  189  and  198),  lanthanum 
(ref.  220),  molybdenum  (refs.  220  and  229),  yttrium  (ref.  220),  and  zirconium  (refs.  128  and  221).  Table  III 
lists  the  room  temperature  hardening  rate  for  these  ternary  additions  in  NiAl.  While  these  were  all  delib¬ 
erate  additions,  it  should  be  realized  that  the  unknown  presence  of  impurities  such  as  carbon  and  oxygen  or 
trace  elements  can  also  act  as  potent  solid  solution  strengtheners  with  dramatic  affects  on  mechanical 
properties.  Furthermore,  with  this  rapid  rise  in  flow  stress,  improved  ductility  by  alloying  has  been  unsuc¬ 
cessful  in  NiAl  because  the  yield  stress  is  usually  increased  above  the  fracture  stress.  It  is  clear  that  the 
mechanical  properties  of  NiAl  are  dramatically  increased  with  alloying  but  as  noted  by  Dimiduk  and  Rao 
(ref.  231),  no  accepted  theory  of  solid  solution  strengthening  has  been  successfully  applied  to  intermetallic 
compounds  such  as  NiAl. 

George  and  Liu  (ref.  227)  rationalize  the  solid  solution  strengthening  of  NiAl  by  B,  Be,  and  C  in 
terms  of  the  relative  size  of  the  atom  compared  to  the  resident  site  of  the  atom  in  the  NiAl  matrix.  The 
interstitial  site  radius  in  NiAl  was  calculated  to  be  approximately  0.036  nm.  Based  on  an  atomic  radius 
argument  and  using  the  Goldschmidt  radii  (ref.  232)  listed  in  table  III  it  is  predicted  that  B  and  C  are 
likely  to  occupy  the  interstitial  tetrahedral  sites.  Conversely,  beryllium  is  more  likely  to  substitute  for 
either  Ni  or  A1  because  of  its  larger  radius.  For  elements  which  dissolve  interstitially,  the  larger  the 
radius  the  larger  the  associated  strain  field  and  the  greater  the  resistance  to  dislocation  motion,  thus 
resulting  in  a  greater  hardening  effect  (fig.  19). 

At  some  critical  value,  the  radius  becomes  large  enough  that  rather  than  dissolving  interstitially,  the 
element  substitutes  for  Ni  or  Al.  Qualitatively,  from  figure  19  it  appears  that  the  critical  radius  for  inter¬ 
stitial  dissolution  is  approximately  0.1  nm.  Likewise,  with  increasing  radius  size,  an  increasing  flow  stress 
is  observed  with  substitutional  elements.  This  argument  can  also  be  used  to  explain  increases  in  flow  stress 
with  deviations  from  stoichiometry  for  Ni-rich  alloys.  As  seen  in  figure  17,  the  average  results  of  several 
studies  indicate  that  the  strengthening  of  NiAl  due  to  excess  Ni  is  approximately  120  MPa/at  %  Ni.  When 
plotted  on  figure  19  this  value  agrees  well  with  the  strengthening  trends  observed  for  other  elements. 
Therefore,  the  increase  in  flow  stress  associated  with  deviations  from  stoichiometry  for  Ni-rich  alloys  can 
be  explained  in  terms  of  a  solid  solution  strengthening  mechanism  with  Ni  atoms  substituting  on  Al  sites. 

One  final  note  concerning  alloying  is  that  often  there  is  little  attention  given  to  the  specific  site 
substitution  in  the  B2  lattice  and  the  resulting  formation  of  point  defects  due  to  changes  in  alloy 
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stoichiometry  (refs.  114  and  199).  For  example,  it  has  been  demonstrated  that  substituting  a  particular 
ternary  addition  such  as  Cu  for  Ni  will  result  in  different  hardening  characteristics  than  if  the  element 
were  substituted  for  A1  (ref.  199).  A  further  complication  occurs  if  the  alloying  addition  causes  a  change 
in  the  overall  stoichiometry  of  the  intermetallic.  For  example,  additions  of  a  particular  ternary  element 
which  substitutes  readily  for  A1  may  cause  the  alloy  to  become  Al-rich  and  result  in  the  formation  of 
excess  constitutional  vacancies.  Therefore,  hardening  would  result  due  to  both  substitutional  effects  and 
vacancy  hardening.  Any  solid  solution  hardening  models  developed  for  ordered  alloys  will  have  take  these 
effects  into  account. 

5.1.5  Strain  rate. — Strain  rate  is  another  variable  which  significantly  affects  the  mechanical  properties 
of  most  materials  including  NiAl.  The  majority  of  investigators  that  report  tensile  (or  compression) 
properties  for  NiAl  at  intermediate  or  low  temperatures  have  performed  their  tests  in  the  range  of  10'3  to 
10"  s"1  though  data  exits  for  strain  rates  ranging  from  10'6  to  10"1  s"1  (refs.  128,  216,  217,  220,  and  233 
to  235).  Strain  rate  effects  at  elevated  temperatures  (creep)  are  discussed  in  section  9. 

One  of  the  earliest  studies  of  strain  rate  effects  in  polycrystalline  NiAl  was  by  Rozner  and  Wasilewski 
(ref.  217).  In  that  study,  an  approximately  30  percent  increase  in  flow  stress  was  observed  by  increasing 
the  strain  rate  from  10"4  to  10"3  s"1  over  the  temperature  range  of  750  to  1350  K,  while  only  a  slight  increase 
in  yield  stress  was  observed  at  room  temperature  between  10" 2  and  10"5  s"1.  The  most  complete  set  of 
strain  rate — yield  stress  data  for  a  single  NiAl  alloy  covers  almost  6  orders  of  magnitude  strain  rate  from 
500  to  1300  K  (ref.  128)  and  is  reproduced  in  figure  20.  From  this  data  it  is  evident  that  strain  rate  has 
almost  no  effect  on  yield  strength  at  500  K,  has  a  moderate  affect  at  intermediate  temperatures  and  a 
significant  affect  in  the  creep  regime  at  elevated  temperatures.  It  has  also  been  observed  that  the  frac¬ 
ture  stress  at  intermediate  temperatures  and  the  DBTT  are  significantly  affected  by  strain  rate  (refs.  233 
and  236). 

5.1.6  Cooling  rate. — The  presence  of  vacancies  in  NiAl  significantly  influences  the  flow  properties  of 
this  material.  These  vacancies  can  be  introduced  by  compositional  means  (constitutional  vacancies)  and 
their  affect  on  flow  properties  were  discussed  in  section  5.1.3.  The  other  type  of  vacancy  defect  which  can 
exist  in  NiAl  is  a  thermal  vacancy  which  is  introduced  by  rapid  quenching  from  elevated  temperatures. 
Consequently,  cooling  rate  becomes  another  important  variable  which  needs  to  be  considered  when  pro¬ 
cessing  and  testing  NiAl. 

Nagpal  and  Baker  (ref.  127)  have  studied  the  influence  of  thermal  vacancies  and  stoichiometry  on  the 
hardness  of  NiAl.  They  found  that  air-cooled  and  water-quenched  specimens  exhibited  relatively  little  differ¬ 
ence  in  hardness  compared  to  slow-cooled  samples  for  nonstoichiometric  alloys.  But  a  small  (~15  percent) 
difference  in  hardness  was  observed  between  slow-cooled  and  water-quenched  Ni-50A1.  The  effect  of  ther¬ 
mally  generated  defects  on  the  compressive  yield  stress  of  NiAl  and  NiAl(Zr)  alloys  subjected  to  post¬ 
extrusion  heat  treatments  over  a  range  of  temperatures  and  cooling  rates  has  also  been  investigated 
(ref.  128).  The  results  of  these  experiments  are  summarized  in  table  IV.  It  is  apparent  that  the 
0.2  percent  compressive  yield  stress  for  binary  NiAl  is  affected  by  cooling  rate,  annealing  temperature, 
and  composition.  For  example,  NiAl  specimens  with  d  «  22  pm  and  cooled  at  1.33  K/s  exhibit  a  yield 
stress  of  approximately  325  MPa  in  comparison  to  specimens  cooled  at  about  0.025  K/s  for  which 
<ry  «  255  MPa.  Conversely,  the  yield  stress  of  NiAl(Zr)  specimens  was  relatively  insensitive  to  post¬ 
extrusion  heat  treatments  and  cooling  rate.  Differences  in  the  yield  strength  of  binary  NiAl  resulting 
from  these  heat  treatments  cannot  be  attributed  to  grain  size  effects  since  none  of  the  post-extrusion  heat 
treatments  resulted  in  significant  grain  growth.  Therefore,  while  reference  127  saw  only  modest  changes 
in  hardness,  which  is  a  measure  of  strain  hardening  as  well  as  flow  stress,  significant  increases  in  yield 
stress  do  occur  with  rapid  quenching  for  binary  NiAl  alloys  of  near-stoichiometric  composition  (ref.  128). 
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Consequently,  the  cooling  rate  after  the  final  processing  or  heat  treatment  step  is  another  very  important 
parameter  that  needs  to  be  controlled  and  should  be  accurately  recorded  in  all  future  studies. 

5.1.7  Texture. — Almost  all  mechanical  property  studies  on  NiAl  have  been  performed  on  extruded 
material,  consequently,  few  properties  of  a  truly  random  polycrystalline  NiAl  alloy  exist.  When  NiAl  is 
processed  by  hot  extrusion,  a  <  1 1 1  >  or  <110>  texture  is  generally  observed  along  the  extrusion  axis 
(refs.  91,  237,  and  238).  A  <111>  texture  is  commonly  observed  after  1100  K  or  higher  extrusion  and 
occurs  in  materials  with  a  recrystallized  grain  structure  (refs.  91,  237,  and  238).  A  <110>  texture  has 
been  found  in  materials  extruded  below  1100  K  or  in  materials  which  have  not  had  a  chance  to  fully 
recrystallize  (ref.  237).  A  <113>  texture  has  been  observed  in  a  highly  worked,  particle  strengthened 
NiAl  alloy  (ref.  237). 

It  follows  that  the  tensile  properties  of  extruded  NiAl  polycrystals  will  depend  on  the  orientation  of 
the  tensile  axis  with  respect  to  the  extrusion  axis.  For  a  <111>  texture,  specimens  prepared  with  the 
tensile  axis  oriented  45°  to  the  extrusion  direction  will  have  the  highest  density  of  [001]  directions  paral¬ 
lel  to  the  loading  direction  and  therefore  the  lowest  resolved  shear  stress  on  the  primary  <001  >{110}  slip 
system.  Conversely,  other  orientations  which  will  contain  a  lower  density  of  [001]  directions  should  have 
a  lower  flow  stress.  In  figure  21  the  flow  properties  of  extruded  NiAl  specimens  taken  from  various  orien¬ 
tations  relative  to  the  extrusion  axis  are  shown  (ref.  178).  Specimens  tested  in  the  45°  orientation  exhibited 
the  highest  flow  strengths  while  specimens  oriented  longitudinally  or  transverse  to  the  extrusion  direction 
have  lower  flow  stresses,  however,  the  actual  differences  in  strength  were  relatively  small.  The  reason 
that  these  orientation  effects  were  relatively  minor  compared  to  what  is  observed  in  single  crystals  is  that 
the  textures  observed  in  extruded  NiAl  are  fairly  weak,  being  only  three  to  five  times  random  (refs.  237 
and  238). 


5.2  Factors  That  Influence  the  Strength  of  Single  Crystal  NiAl 

5.2.1  Temperature  and  orientation. — As  with  polycrystalline  material  NiAl  single  crystals  exhibit  a 
generally  decreasing  yield  stress  with  increasing  temperature.  However,  due  to  the  very  strong  orienta¬ 
tion  dependence  of  the  yield  strength  it  is  difficult  to  discuss  temperature  dependence  without  regard  for 
the  orientation  of  the  specimens.  In  figure  22,  yield  stress  as  a  function  of  temperature  is  shown  for  sev¬ 
eral  different  crystal  orientations  (refs.  174,  182,  216,  and  239).  Single  crystals  oriented  in  soft  orienta¬ 
tions  exhibit  a  <ry  versus  T  curve  which  is  distinct  from  the  [001]  material  but  very  similar  to  low  yield 
strength  polycrystalline  NiAl.  In  soft  orientations  the  flow  stress  is  initially  lower  than  that  in  hard 
orientations  and  continually  decreases  with  temperature  with  deformation  occurring  by  movement  of 
<100>  dislocations  over  the  entire  temperature  regime. 

In  the  case  of  [001]  oriented  crystals  the  a  versus  T  response  appears  to  be  more  complex.  At 
lower  temperatures,  single  crystals  of  NiAl  loaded  along  [001]  directions  exhibit  yield  stresses  several 
times  higher  than  that  for  other  orientations  because  [001]  orientations  have  no  resolved  shear  stress  on 
the  primary  <001>{110}  slip  system  and  because  the  critical  resolved  shear  stress  (CRSS)  for  <11 1>  and 
<110>  slip  is  very  high.  Also  at  low  temperatures  (77  to  300  K),  yield  stress  is  strongly  dependent  on  tem¬ 
perature  while  a  plateau  is  observed  between  300  and  600  K.  At  temperatures  above  600  K  the  yield 
strength  again  becomes  very  dependent  on  temperature  and  a  significant  reduction  in  <ry  occurs  over  a 
relatively  narrow  temperature  regime.  It  is  also  within  this  temperature  regime  that  slip  in  hard  crystals 
begins  to  change  from  <111>  to  <001  >  and  <110>  (fig.  10).  Above  900  K  where  bulk  diffusional  process 
begin  to  dominate,  hard  single  crystals  have  strengths  similar  to  soft  single  crystals  and  polycrystals. 
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The  o  of  hard  and  soft  oriented  crystals  can  also  be  represented  in  Arrhenius  plots  as  in  figure  23. 
When  the  data  is  represented  in  this  fashion,  two  distinct  regions  are  clearly  observed  in  the  deformation 
of  [001]  crystals.  It  has  been  postulated  that  diffusional  processes  contribute  to  deformation  in  the  later 
regime  and  are  responsible  for  the  change  in  activation  energy  of  yielding  observed  above  600  K.  The 
behavior  of  non-[001]  single  crystals  is  more  complicated  and  the  deformation  mechanisms  operating  at 
intermediate  temperatures  are  presently  unknown  but  under  investigation  since  they  apparently  lead  to 
the  low  BDTT  for  soft  orientation  crystals. 

As  with  so  many  other  properties  for  NiAl,  a  wide  range  of  CRSS  values  have  been  reported  at  room 
temperature.  These  are  reviewed  in  table  V.  Wasilewski  et  al.  (ref.  165)  were  the  first  to  study  flow  pro¬ 
perties  of  NiAl  as  a  function  of  orientation  and  their  results  are  presented  in  figure  24.  For  the  soft  orien¬ 
tations  the  slip  vector  was  <001  >  in  all  cases.  The  active  slip  planes  at  room  temperature  in  the  “soft” 
orientations  were  {110}  for  the  [111]  and  [112]  oriented  specimens  and  {100}  for  the  [110]  orientation.  These 
slip  systems  correspond  to  the  most  highly  stressed  slip  system  of  the  type  <001>{100}  or  <001>{110}. 
Based  on  these  results,  the  CRSS  of  <001>{110}  slip  is  in  the  range  of  60  to  100  MPa  and  that  of 
<001>{100}  is  approximately  150  MPa. 

In  the  study  by  Field  et  al.  (ref.  173),  <001>  slip  on  {110}  planes  was  observed  at  room  temperature 
in  <111>  oriented  specimens  resulting  in  a  CRSS  of  124  MPa.  This  is  at  least  25  percent  greater  than 
the  60  to  100  MPa  measured  by  Wasilewski  et  al.  (ref.  165),  but  not  completely  unexpected  in  light  of 
the  sensitivity  of  flow  behavior  to  other  properties.  Field  et  al.  (ref.  173)  also  tested  <110>  specimens 
but  were  unable  to  unambiguously  determine  the  operative  slip  plane.  If  they  assumed  that  the  slip  plane 
was  {110}  in  the  <110>  oriented  specimens,  the  calculated  value  for  the  CRSS  was  77  MPa,  which  is 
inconsistent  with  the  value  they  determined  from  measurements  on  <11 1>  crystals  (124  MPa).  If,  how¬ 
ever,  they  assumed  that  the  slip  plane  was  {100},  as  observed  by  Wasilewski  (ref.  165)  for  <110>  orien¬ 
tations,  then  the  CRSS  calculated  for  <100>{100}  slip  is  109  MPa.  Since  this  value  is  lower  than  the 
CRSS  calculated  for  <100>{110}  slip,  Field  et  al.  (ref.  173)  concluded  that  slip  on  {100}  planes  is  favored 
at  room  temperature  in  <110>  oriented  crystals  due  to  the  slightly  lower  CRSS  on  these  planes.  Although 
the  two  studies  (refs.  165  and  173)  differ  in  concluding  which  system  has  the  lowest  CRSS,  both  agree 
that  the  CRSS  for  <001  >  slip  on  {100}  and  {110}  is  very  similar.  The  advantage  of  the  study  performed 
by  Field  et  al.  (ref.  173)  is  that  all  of  the  specimens  were  taken  from  the  same  casting  eliminating  the 
possibility  of  differences  in  stoichiometry  and  impurity  levels.  The  fact  that  unambiguous  determination 
of  the  operative  slip  plane(s)  is  often  not  possible  or  is  not  reported,  greatly  hinders  efforts  to  understand 
yielding  in  these  materials.  It  is  likely  that  slip  is  not  dominated  by  a  single  system  for  some  orienta¬ 
tions,  but  that  <100>  slip  is  possible  on  multiple  {100}  and  {110}  planes,  which  could  account  for  the 
difficulty  that  Field  et  al.  (ref.  173)  had  in  unambiguously  determining  the  operative  slip  plane  in  <110> 
crystals. 

Miracle  (ref.  195)  has  compiled  the  results  for  both  hard  and  soft  orientations  and  calculated  the 
CRSS  as  a  function  of  temperature  (fig.  25).  The  CRSS  was  calculated  by  resolving  the  flow  stress  onto 
either  the  observed  slip  system  or  the  most  highly  stressed  <001>{110}  slip  system  when  no  slip  system 
was  reported.  For  [001]  specimens,  the  CRSS  was  calculated  for  <111>{110}  slip.  The  latter  assump¬ 
tion  is  not  strictly  correct  because  slip  in  “hard”  orientations  is  most  likely  to  occur  on  {112}  planes 
(ref.  142  and  174).  However,  this  figure  does  serve  to  illustrate  the  difficulty  in  initiating  <111>  slip  and 
explain  the  high  flow  strengths  observed  in  [001]  specimens. 

Several  studies  have  noted  discontinuous  yielding  in  NiAl  single  crystals  tested  in  compression.  Kink¬ 
ing  is  often  observed  in  [001]  oriented  single  crystals  because  of  the  high  stresses  required  to  produce  slip 
(refs.  171,  182,  185,  and  216).  However,  not  all  discontinuous  yielding  in  [001]  crystals  has  been  attri¬ 
buted  to  kinking.  Rozner  and  Wasilewski  (ref.  217)  observed  that  the  load  drops  in  room  temperature 
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[001]  NiAl  single  crystals  were  associated  with  the  formation  of  a  deformation  band  in  the  plane  of  the 
maximum  shear  stress.  However,  it  is  moet  likely  that  kinking  and  the  deformation  bands  observed  by 
Rosner  and  Wasilewski  (ref.  217)  are  manifestations  of  the  same  deformation  mechanism,  but  on  different 
scales.  Discontinuous  yielding  was  also  noted  by  Wasilewski  et  al.  (ref.  165)  in  <123>  oriented  crystals. 
As  in  the  [001]  crystals,  the  load  drops  were  observed  to  correspond  to  the  formation  of  visible  deforma¬ 
tion  bands  during  compression  testing. 

Tensile  stress-strain  data  for  single  crystal  NiAl  is  much  more  scarce  than  compression  test  results. 
This  is  due  in  part  to  the  limited  ductility  generally  achieved  at  low  temperatures.  For  example,  kinking 
has  not  been  duplicated  in  [001]  tensile  samples  since  fracture  occurs  prior  to  yielding  over  the  temperature 
range  where  kinking  is  observed  in  compression  (ref.  185).  In  soft  orientations,  however,  Field  (ref.  173) 
has  reported  the  presence  of  a  yield  point  behavior  in  both  <11 1>  and  <110>  oriented  tensile  samples. 
The  presence  of  a  yield  point  in  the  single  crystals  is  similar  to  that  observed  in  polycrystalline  NiAl 
(ref.  178)  but  has  not  been  thoroughly  studied  in  either  type  of  material  and  no  mechanism  has  been 
proposed. 

5.2.2  Composition. — Single  crystals  of  NiAl  are  subject  to  hardening  due  to  the  presence  of  defects  in 
the  lattice  similar  to  that  observed  in  polycrystals.  In  figure  26  (ref.  149),  results  for  two  nickel-rich  and 
a  stoichiometric  NiAl  alloy  tested  in  compression  in  the  hard  orientation  are  compared.  Deviations  in 
stoichiometry  result  in  an  increase  in  flow  stress  below  1000  K  and  an  extension  of  the  athermal  plateau 
to  higher  temperatures.  Beyond  the  athermal  plateau  all  materials  exhibit  a  drop  in  flow  stress  associ¬ 
ated  with  the  change  from  <111>  to  non-<lll>  slip  (ref.  144).  Once  the  temperature  exceeds  1000  K 
the  effects  of  stoichiometry  on  flow  stress  are  diminished  and  all  compositions  exhibit  similar  strengths. 
The  effect  of  stoichiometry  on  the  yield  stress  of  soft  orientation  single  crystals  has  not  been  reported  but 
it  is  expected  that  they  would  behave  similarly  to  polycrystalline  material. 

Similarly,  only  a  few  studies  of  ternary  additions  in  single  crystals  have  been  performed  and  again  the 
work  has  been  on  [001]  oriented  crystals.  Both  Cr  (ref.  187)  and  V  (ref.  185)  have  been  observed  to 
strengthen  NiAl  from  room  temperature  to  at  least  1150  K.  The  ternary  additions  appear  to  affect  the 
CRSS  for  both  <111>  and  <100>  slip,  although  interpretation  of  the  results  for  these  two  studies  is  diffi¬ 
cult  because  of  the  limited  amount  data  and  because  the  solubility  limit  was  exceeded  and  precipitation 
hardening  cannot  be  neglected.  The  effects  of  Zr  also  have  been  studied  (ref.  240),  where  it  was  found 
that  significant  strengthening  only  occurred  above  the  BDTT  where  a  change  in  slip  occurs.  Consequently, 
it  was  concluded  that  the  strengthening  effect  of  Zr  was  dependent  on  the  operative  slip  system  and  was 
more  effective  at  preventing  deformation  by  <001  >  than  <111>  dislocations. 

It  has  been  determined  that  the  core  structure  of  <111>  dislocations  is  significantly  different  than 
that  of  <001>  dislocations  in  BCC  and  BCC  derivative  materials  (refs.  151,  152,  156,  and  157).  Conse¬ 
quently,  these  two  types  of  dislocations  would  be  influenced  differently  by  short-range  stress  fields  such  as 
those  around  substitutional  solute  atoms.  Therefore,  it  is  conceivable  that  Cr,  Zr,  and  V  can  influence 
<001  >  and  <111>  slip  in  significantly  different  degrees.  Further  testing  of  alloyed  specimens  under  con¬ 
ditions  of  <111  >  and  <001  >  slip  is  required  to  resolve  this  issue.  It  is  also  preferred  that  more  single 
crystal  alloying  studies  be  performed  on  soft  orientation  single  crystals  since  their  behavior  can  be  directly 
related  to  polycrystalline  deformation  mechanisms. 

5.2.3  Strain  rate. — One  of  the  earliest  studies  concerned  with  strain  rate  effects  in  single  crystal  NiAl 
was  by  Wasilewski  et  al.  (ref.  165).  In  this  study  an  anisotropic  behavior  in  strain  rate  sensitivity  was 
observed  at  intermediate  temperatures  (T  >  473  K)  with  cube  oriented  crystals  showing  the  largest  sensi¬ 
tivity  to  strain  rate  although  the  increase  in  flow  stress  was  only  about  10  percent  for  a  change  in  strain' 
rate  from  10"4  to  10*^  s’1.  Pascoe  and  Newey  (refs.  216  and  234)  also  found  that  [001]  crystals  were  more 
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susceptible  to  strain  rate  effects  than  the  soft  orientations  but  for  all  orientations  the  strain  rate 
sensitivity  was  greatest  where  the  flow  stress  was  strongly  dependent  on  temperature. 

A  more  recent  study  (ref.  239)  also  observed  only  a  slight  sensitivity  of  yield  stress  to  strain  rate  in 
<110>  as  well  as  <11 1>  samples  in  the  temperature  range  of  400  to  800  K.  Also  in  agreement  with  pre¬ 
vious  investigators  (refs.  165,  216,  and  234)  [100]  specimens  exhibited  a  greater  sensitivity  to  strain  rate 
than  soft  orientations  with  the  effect  decreasing  with  increasing  temperature  (below  the  creep  regime). 
The  reason  that  [100]  crystals  are  more  sensitive  to  strain  rate  is  unclear  but  must  be  related  to  the 
change  in  deformation  by  <111>  to  non-<lll>  dislocations  since  it  is  over  this  same  temperature  range 
that  hard  crystals  are  most  affected  by  strain  rate. 

6.  DUCTILITY  AND  FRACTURE 
6.1  Polycrystals 

6.1.1  Origins  of  low  temperature  fracture. — By  now  it  is  clear  from  this  review  that  all  non-[00l] 
single  crystal  orientations  and  polycrystalline  NiAl  deform  predominantly  by  <100>  slip  on  {011}  and 
occasionally  {001}  type  planes.  As  a  consequence,  only  three  independent  deformation  mechanisms  are 
available  for  polycrystalline  deformation  by  <100>  slip  (ref.  203).  Even  with  slip  on  all  planes  of  the 
<001>  zone,  i.e.,  {hk0}<001>,  only  three  independent  slip  systems  are  available,  therefore,  no  extra 
independent  systems  are  provided  by  cross  slip  (ref.  138).  Because  this  is  less  than  the  five  independent 
deformation  modes  considered  necessary  for  extensive,  uniform,  crack-free  deformation  of  a  polycrystalline 
aggregate  (refs.  203  and  241),  NiAl  is  considered  to  have  little  potential  for  exhibiting  significant  room 
temperature  ductility.  Experimental  evidence  to  date  supports  this  view. 

In  room  temperature  studies  of  NiAl  (refs.  213,  215,  217,  222,  223,  227,  and  233)  the  reported  tensile 
ductilities  have  been  small,  ranging  from  zero  to  a  maximum  of  about  4  percent.  Furthermore,  observa¬ 
tions  (refs.  213,  215,  217,  222,  and  227)  of  grain  boundary  fracture  in  both  tensile  and  compression  spec¬ 
imens  at  low  temperatures  appear  to  confirm  that  limited  ductility  arises  from  the  incompatibility  in  the 
shape  changes  of  neighboring  grains  due  to  an  insufficient  number  of  slip  systems.  This  is  demonstrated 
in  figure  27,  which  is  an  example  of  the  magnitude  of  the  intergranular  cracking  that  occurs  in  NiAl  after 
compression  testing  at  room  temperature.  In  tension  these  intergranular  cracks  would  provide  an  easy 
path  for  intergranular  fracture  in  binary  NiAl. 

Intergranular  fracture  in  metals  can  also  result  from  impurity  contamination  of  the  grain  boundaries 
and  this  was  originally  thought  to  be  the  case  in  NiAl  (refs.  242  and  243)  Westbrook  and  Wood  (ref.  242) 
and  Seybolt  and  Westbrook  (ref.  243)  investigated  the  effect  of  oxygen  on  the  grain  boundary  hardness  of 
NiAl.  They  concluded  that  because  the  grain  boundaries  were  harder  than  the  matrix  material,  oxygen 
embrittlement  was  responsible  for  the  intergranular  fracture  of  NiAl.  Because  the  grain  boundary  hard¬ 
ening  occurred  only  after  high  temperature  heat  treatments  followed  by  slow  cooling  or  quenching  and 
intermediate  annealing,  this  behavior  was  explained  in  terms  of  oxygen-vacancy  interactions  (ref.  244). 
However,  these  same  results  cam  also  be  explained  in  terms  of  vacancy  or  point  defect  gradients  near  the 
grain  boundaries  without  the  necessity  for  the  presence  of  oxygen  since  grain  boundaries  are  very  strong 
sources  and  sinks  for  vacancies.  Furthermore,  it  has  been  concluded  from  recent  in-situ  Auger  electron 
spectroscopy  studies  of  cast  and  extruded  alloys  (refs.  227  and  228)  and  powder  extruded  materials  after 
various  heat  treatments  (ref.  245)  that  the  grain  boundaries  in  NiAl  are  clean  and  free  from  measurable 
impurity  contamination  including  oxygen.  These  results  conclusively  demonstrate  that  intergranular 
fracture  in  binary  stoichiometric  Ni-50A1  is  not  due  to  any  form  of  impurity  induced  intergranular 
embrittlement. 


Intergranular  fracture  can  also  arise  because  grain  boundaries  are  intrinsically  weak  due  to  their 
structure,  as  is  true  of  NijAl  (refs.  246  to  248).  However,  grain  boundary  structure  simulations  for  NiAl 
indicate  that  there  are  no  periodic  structural  defects  present  at  the  grain  boundaries  in  near-stoichiometric 
NiAl  which  would  cause  the  grain  boundaries  to  be  inherently  weak  (refs.  225,  247,  and  249).  This  sug¬ 
gests  that  only  grain  boundary  incompatibility  due  to  an  insufficient  number  of  independent  slip  systems 
is  the  primary  factor  responsible  for  the  observed  intergranular  fracture  of  near-stoichiometric  NiAl. 

6.1.2  Effect  of  composition  on  ductility  and  fracture. — George  et  al.  (refs.  227  and  228)  have  observed 
that  B  both  segregates  to  the  grain  boundaries  in  NiAl  and  affects  a  change  in  fracture  mode  from  pre¬ 
dominantly  intergranular  to  transgranular  in  nature.  Consequently,  they  concluded  that  the  grain  bound¬ 
aries  in  NiAl  are  intrinsically  weak  and  that  B  must  strengthen  the  grain  boundaries.  It  has  also  been 
suggested  (refs.  233  and  209)  that  the  major  affect  of  B  was  to  suppress  plastic  deformation,  eliminating 
the  opportunity  for  intergranular  fracture  to  initiate,  rather  than  actually  strengthening  the  boundaries. 

In  fact,  the  fracture  mode  for  NiAl  alloys  is  predominantly  transgranular  any  time  fracture  occurs  signi¬ 
ficantly  before  yielding  as  in  the  case  of  Zr-doped  alloys  (refs.  128  and  221)  as  well  as  Re-,  Hf-,  Y-,  WC-, 
and  Cr-doped  alloys  (ref.  250).  This  point  is  demonstrated  in  figure  28,  which  is  a  plot  of  yield  stress 
versus  fracture  stress  for  a  number  of  different  NiAl  alloys.  A  detailed  description  of  the  alloys  repre¬ 
sented  in  figure  28  and  their  room  temperature  properties  are  summarized  in  table  VI.  From  figure  28 
and  table  VI  it  is  evident  that  all  low  yield  strength  NiAl  alloys,  that  exhibit  at  least  some  ductility,  fail 
in  a  predominantly  intergranular  manner  and  that  all  brittle,  high  strength  alloys  fail  in  a  predominantly 
transgranular  fashion. 

Similarly,  nonstoichiometric  binary  NiAl  alloys,  which  are  not  known  to  exhibit  room  temperature 
ductility,  also  fail  in  a  predominantly  transgranular  manner  (refs.  198,  220,  251,  and  252).  This  behavior 
is  demonstrated  in  figure  29  and  argues  against  the  weak  grain  boundary  hypothesis  since  grain  boundary 
strength  would  be  expected  to  be  even  worse  in  nonstoichiometric  compositions  (refs.  225  and  247). 

Thus,  it  appears  that  grain  boundaries  in  NiAl  must  be  at  least  as  strong  as  the  bulk.  Consequently, 
grain  boundaries  in  NiAl  are  not  intrinsically  (structurally)  weak,  but  become  the  site  of  Griffith  defects 
when  slip  is  activated  in  low  strength  alloys.  Since  only  relatively  pure  NiAl  and  (Be-doped  alloys  (ref.  227)) 
actually  yield  before  fracture  at  room  temperature  they  are  the  only  alloys  which  experience  intergranular 
failure.  All  other  NiAl-based  materials  fail  in  a  transgranular  manner  consistent  with  the  calculations  by 
Yoo  and  Fu  (ref.  253)  which  indicate  that  the  cleavage  strength  of  NiAl  is  relatively  low. 

6.1.3  The  Brittle-to-ductile-transition  temperature  and  effects  of  processing,  composition,  and  strain 
rate. — Over  20  years  had  past  before  Vedula  et  al.  (refs.  178  and  213)  had  reproduced  the  original  obser¬ 
vations  of  Rozner  and  Wasilewski  (ref.  217)  for  room  temperature  ductility  of  NiAl.  Now  limited  room 
temperature  ductility  in  NiAl  has  been  verified  repeatedly  in  cast  and  extruded  alloys  (refs.  223,  227, 
and  233)  as  well  as  in  powder-extruded  material  (ref.  215).  While  limited  ductility  can  be  achieved  in 
low  yield  strength  NiAl  alloys  at  room  temperature,  this  does  not  constitute  the  brittle-to-ductile  transi¬ 
tion  temperature  (BDTT)  for  this  intermetallic.  Instead,  a  more  significant  increase  in  ductility  corre¬ 
sponding  to  the  BDTT  is  observed  in  the  range  of  550  to  700  K  (table  VII).  Not  only  is  the  BDTT 
defined  by  a  dramatic  increase  in  ductility,  but  a  significant  and  concurrent  increase  in  fracture  strength 
is  also  observed  (fig.  30). 

Overall,  the  data  in  table  VII  (refs.  197,  213,  215,  217,  221,  222,  233,  236,  254,  and  255)  suggests  that 
as  long  as  extrusion  is  the  final  processing  step  the  processing  route  for  the  precursor  material  has  no  signi¬ 
ficant  affect  on  the  BDTT.  For  example,  the  product  form  before  extrusion  has  included  cast  ingots 
(refs.  213,  217,  233,  and  255),  prealloyed  powders  (refs.  128,  197,  215,  and  221),  and  even  chopped  melt  spun 
ribbons  (ref.  254).  Grain  size  appears  to  have  only  a  secondary  effect  on  the  brittle  ductile  transition  as 
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evident  from  studies  on  a  Ni-49A1-0.01  Zr  (refs.  220,  236,  and  251)  alloy  and  on  Ni-50.6A1  (refs.  128,  215, 
and  221).  The  effect  of  a  reduced  grain  size  is  to  shift  the  BDTT  to  lower  temperatures  within  the  BDTT 
window  of  550  to  700  K. 

Strain  rate  has  a  significant  effect  on  the  BDTT  (refs.  233  and  236)  with  a  three  order  of  magnitude 
increase  in  strain  rate  resulting  in  an  approximately  200  K  increase  in  transition  temperature  for  cast  and 
extruded  NiAl,  as  shown  in  figure  31  (ref.  233).  Alloy  composition  also  has  a  very  significant  effect  on 
the  BDTT  of  NiAl.  It  is  apparent  from  the  data  in  table  VII  that  even  small  alloying  additions  (refs.  128, 
197,  221,  222,  and  254)  or  slight  deviations  from  stoichiometry  (refs.  197  and  256)  tend  to  shift  the  BDTT 
for  NiAl  to  significantly  higher  temperatures. 

The  one  anomaly  to  the  typically  reported  BDTT  range  for  near  stoichiometric  binary  NiAl  was 
reported  by  Grata  (ref.  219)  who  determined  the  BDTT  for  cast  NiAl  to  be  almost  1000  K.  In  addition 
to  possible  differences  in  composition,  a  likely  explanation  can  be  related  to  the  fact  that  his  tests  were 
run  under  constant  loading  rate  conditions  as  opposed  to  a  constant  crosshead  velocity  as  in  all  the  other 
studies.  Therefore,  with  increasing  test  temperature  resulting  in  a  sharp  decrease  in  work  hardening  rate 
(refs.  128  and  216),  the  strain  rate  on  the  NiAl  samples  tested  by  Grala  would  have  been  significantly 
increased  to  maintain  the  constant  loading  rate. 

6.1.4  Effect  of  grain  size. — Schulson  has  suggested  that  grain  refinement  can  be  used  to  increase  the 
ductility  of  brittle  intermetallics  such  as  NiAl  (ref.  257)  and  performed  tensile  tests  on  NiAl  as  a  function 
of  grain  size  and  temperature  to  support  this  view,  figure  32  (refs.  236  and  255).  However,  grain  size 
only  had  a  critical  effect  on  the  ductility  of  NiAl  within  the  550  to  750  K  BDTT  window.  Even  though 
no  tensile  ductility  was  achieved  at  room  temperature  in  these  studies  the  results  are  often  incorrectly 
quoted  in  support  of  a  critical  grain  size  for  room  temperature  ductility  of  NiAl.  Further  testing  of  the 
effect  of  grain  size  on  the  room  temperature  ductility  of  cast  and  extruded  NiAl  by  Nagpal  and  Baker 
(ref.  223)  showed  that  room  temperature  ductility  was  essentially  independent  of  grain  size. 

A  quantitative  model  based  on  a  critical  J-integral  approach  has  been  developed  by  Chan  (ref.  258) 
which  very  accurately  predicts  the  dependence  of  tensile  ductility  on  grain  size  for  semibrittle  materials 
when  the  mechanical  properties  listed  in  table  VIII  are  known.  Chan’s  model  has  been  verified  for  NiAl 
(refs.  215  and  222)  and  the  theoretical  and  actual  test  results  are  shown  in  figure  33,  for  the  alloy  described 
in  table  VIII.  It  is  clear  from  figure  33  that  grain  size  affects  ductility  in  markedly  different  ways  depend¬ 
ing  on  the  temperature  range.  There  is  strong  dependence  of  tensile  ductility  on  grain  size  at  700  K, 
when  the  grain  size  is  less  than  about  20  /*m.  In  contrast  there  is  very  little  grain  size  dependence  of 
ductility  at  300  K  for  grain  sizes  greater  than  1  /*m.  Although  ductility  is  predicted  by  Chan’s  model  to 
increase  with  decreasing  grain  size  below  1  /tm,  only  about  5  percent  tensile  ductility  is  expected  at  grain 
sizes  of  approximately  0.1  /tm.  Furthermore,  it  will  be  extremely  difficult  to  stabilize  such  a  fine  grain 
size,  due  to  grain  growth  during  processing  and  service  exposure,  without  introducing  extrinsic  defects  in 
the  material  which  are  greater  in  size  than  the  maximum  allowed  grain  size. 

Consequently,  grain  size  refinement  alone  is  not  a  practical  method  for  achieving  significant  improve¬ 
ments  in  the  ductility  cl  NiAl  at  room  temperature.  A  more  pragmatic  approach  would  be  to  increase 
the  number  of  independent  slip  systems  without  substantially  altering  the  yield  strength  of  the  alloy 
and/or  increase  the  fracture  toughness  of  the  material.  The  implicit  relationship  between  fracture  tough¬ 
ness  and  ductility  is  apparent  when  examining  figure  33  and  table  VIII.  The  higher  ductility  of  NiAl  at 
700  K  in  comparison  to  room  temperature  is  for  the  most  part  due  to  the  higher  fracture  toughness 
exhibited  by  NiAl  at  elevated  temperatures. 
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6.2  Single  Crystals 


Some  confusion  exists  within  the  literature  concerning  the  tensile  ductility  of  single  crystal  NiAl. 

This  is  due  in  part  to  an  incorrect  interpretation  of  the  work  by  Ball  and  Smallman  (ref.  182)  which  is 
often  quoted  in  support  of  extensive  tensile  ductility  of  NiAl  single  crystals  at  room  temperature.  In  fact, 
Ball  and  Smallman  (182)  actually  tested  NiAl  single  crystal  specimens  in  compression.  To  eliminate  con 
fusion  as  to  the  mode  of  testing  being  discussed,  ductility  in  compression  and  tensile  ductility  are  described 
in  separate  sections. 

6.2.1  Compression  ductility. — Until  very  recently,  compressive  ductility  or  yield  strength  were  nearly 
the  only  mechanical  properties  reported  for  NiAl  single  crystals  tested  at  room  temperature  and  these 
results  are  summarized  in  table  IX.  It  was  found  that  room  temperature  compressive  ductility  for  NiAl  single 
crystals  is  very  dependent  on  orientation  (refs.  165  and  182)  and  material  quality  (refs.  149  and  259). 

For  example,  in  compression  at  room  temperature,  3  to  16  percent  strain  to  fracture  has  been  reported 
for  [001]  single  crystals  (refs.  165,  260,  and  261),  6  to  36  percent  strain  to  fracture  for  [123]  single  crystals 
(refs.  165,  260,  and  262)  and  10  to  50  percent  strain  to  failure  has  been  observed  in  [110]  crystals  (refs. 

165  and  182).  The  failure  of  specimens  exhibiting  low  ductility  in  compression,  appears  to  be  due  to  the 
resolved  tensile  stresses  resulting  from  the  deformation  process  acting  on  defects  in  the  crystal  and  result¬ 
ing  in  axial  fracture  (refs.  149  and  259). 

6.2.2  Tensile  ductility. — Tensile  data  for  NiAl  single  crystals  has  been  growing  rapidly  in  recent 
years.  However,  before  about  1989  the  only  tensile  data  available  was  a  single  reported  room  tempera¬ 
ture  tensile  ductility  of  4.5  percent  for  a  Ni-48A1  single  crystal  from  a  1965  air  force  report  (ref.  263). 

This  is  also  the  largest  reported  value  for  tensile  ductility  of  a  binary  NiAl  alloy  to  date,  though  ternary 
alloys  can  exhibit  slightly  greater  ductilities.  In  1967,  Wasilewski  et  al.  (ref.  165)  also  reported  on  the 
tensile  properties  of  single  crystal  NiAl  but  only  at  673  K  and  above.  Recently,  more  complete  room  and 
intermediate  temperature  tensile  test  results  have  been  generated  due  mainly  to  the  research  efforts  at 
General  Electric  (refs.  62,  185,  239,  and  264),  and  NASA  Lewis  (refs.  174,  265,  and  266). 

Consistent  with  the  behavior  of  polycrystalline  NiAl,  single  crystals  exhibit  very  limited  room  tem¬ 
perature  ductility  in  tension.  Cube  oriented,  Ni-50A1  single  crystals  exhibit  essentially  zero  plastic  strain 
to  failure  at  room  temperature  but  undergo  a  sharp  brittle-to-ductile  transition  at  approximately  600  K 
(fig.  34)  (refs.  174  and  185).  This  corresponds  to  the  same  temperature  at  which  [001]  crystals  begin  to 
undergo  a  change  in  deformation  mechanism  (fig.  10)  and  where  the  steep  decrease  in  yield  strength  with 
temperature  begins  (figs.  23  and  26).  Ni-rich  Ni-40A1  cube  oriented  crystals  undergo  a  similar  brittle-to- 
ductile  transition  but  at  approximately  1000  K  (fig.  34)  (ref.  265). 

Soft  orientation  single  crystals,  of  near-stoichiometric  composition,  exhibit  room  temperature  ductility 
on  the  order  of  0.5  to  2  percent  (refs.  174  and  239).  These  crystals  also  undergo  a  dramatic  brittle-to- 
ductile  transition  but  at  the  relatively  low  temperature  of  473  K  or  0.25  Tm.  Soft  orientation  Ni-40A1 
single  crystals  do  not  exhibit  any  tensile  ductility  at  room  temperature  and  undergo  an  even  sharper 
brittle-to-ductile  transition  than  the  binary  alloys,  though  at  a  much  greater  temperature,  900  to  1000  K 
(ref.  266). 

The  effects  of  composition  other  than  stoichiometry,  on  the  tensile  properties  of  single  crystal  nickel 
aluminides  are  quite  interesting.  It  was  recently  discovered  (refs.  62  and  264)  that  when  near-stoichiometric 
[110]  single  crystals  were  doped  with  approximately  1000  ppm  of  Fe,  Mo,  or  Ga  the  room  temperature  tensile 
ductility  increased  from  approximately  1  percent  to  upwards  of  6  percent  (fig.  35).  From  this  figure  it  is 
obvious  that  the  peak  in  ductility  occurs  at  very  small  alloying  additions  but  as  the  level  of  dopant  exceeds 
0.5  at  %  the  benefits  in  ductility  become  lost.  It  has  been  speculated  that  this  ductilizing  effect  could  be 
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due  to  a  gettering  phenomenon  or  arise  from  some  type  of  slip  homogenization  process,  though  the  actual 
mechanism  remains  unknown. 

The  effect  of  strain  rate  on  the  BDTT  of  soft  orientation  single  crystals  has  been  performed  by  Lahrman 
et  al.  (ref.  239)  and  it  was  found  that  no  more  than  a  50  K  increase  in  BDTT  occurs  for  a  two  order  of 
magnitude  increase  in  strain  rate.  This  is  less  than  the  approximately  130  K  increase  in  BDTT  which 
has  been  observed  in  polycrystalline  NiAl  for  the  same  change  in  strain  rate  (ref.  233).  However,  a  simi¬ 
lar  effect  of  strain  rate  on  the  BDTT  has  been  found  in  [001]  oriented  crystals  (ref.  264),  where  a  2-order- 
of-magnitude  increase  in  strain  rate  results  in  approximately  a  120  K  increase  in  BDTT. 

6.2.3  Analytical  modeling  of  fracture  processes. — An  increasing  effort  has  been  underway  to  try  to 
understand  the  fracture  behavior  of  NiAl  from  an  atomic  standpoint  and  to  model  fracture  processes  in 
NiAl  crystals  using  embedded  atom  method  calculations  (refs.  267  to  270).  During  computer  simulations 
it  was  observed  that  [001]  oriented  NiAl  was  brittle  at  10  K  (ref.  268),  meaning  that  fracture  preceded 
most  dislocation  motion  at  the  crack  tip,  and  that  a  brittle-to-ductile  transition  occurred  between  the 
300  and  800  K  (ref.  267).  These  results  agree  reasonably  well  with  the  experimentally  determined  BDTT 
of  approximately  600  K  for  [001]  oriented  crystals  (fig.  34).  It  was  also  observed  that  at  low  tempera¬ 
tures  martensite  was  formed  in  the  vicinity  of  the  crack  which  impeded  further  dislocation  motion  near 
the  crack  tip  (refs.  269  and  270).  If  this  occurred  in  practice  it  might  explain  the  poor  cleavage  strength 
of  NiAl  at  low  and  intermediate  temperatures  and  could  even  be  used  as  a  possible  explanation  for  the 
brittle-ductile-transition  in  soft  orientation  single  crystals.  Corroboration  of  this  effect  experimentally 
would  be  the  next  step  in  understanding  the  fracture  processes  in  NiAl  and  should  be  made  a  high 
priority. 


6.3  Mechanism(s)  Responsible  For  The  Brittle-To-Ductile  Transition 

A  dramatic  change  in  deformation  behavior  including  a  sharp  increase  in  ductility  and  fracture 
strength  takes  place  at  intermediate  temperatures  for  NiAl.  The  range  of  temperatures  over  which  this 
behavior  occurs  for  polycrystalline  NiAl  and  [001]  oriented  single  crystals  is  approximately  550  to  700  K. 

For  soft  orientation  single  crystals  this  change  in  behavior  occurs  as  low  as  475  K. 

For  polycrystalline  material,  these  changes  in  behavior  have  been  attributed  to  either  initiation  of 
new  or  secondary  slip  systems  (ref.  140  and  195)  or  to  the  onset  of  thermally  activated  deformation  pro¬ 
cesses  such  as  dislocation  climb  (refs.  128,  138,  222,  and  233).  The  former  mechanism  does  not  ade¬ 
quately  describe  the  rate  dependent  deformation  behavior  of  NiAl  near  the  BDTT  (refs.  128  and  233)  the 
change  in  activation  energy  for  deformation  at  the  BDTT  (fig.  13)  or  the  change  in  stress  exponent 
observed  in  the  temperature  range  where  the  BDTT  occurs  (fig.  20).  All  these  behaviors  are  the  conse¬ 
quence  of  thermally  activated  deformation  processes.  In  situ  annealing  studies  also  have  verified  signifi¬ 
cant  dislocation  climb  activity  near  grain  boundaries  beginning  at  the  BDTT  (ref.  128).  In  addition  to 
changes  in  flow  behavior,  that  support  the  theory  of  a  BDTT  due  to  thermally  activated  deformation 
processes  is  one  key  observation;  that  alternate  slip  systems  are  not  generally  observed  in  monotonically  * 

deformed  NiAl,  at  or  above  the  BDTT  (ref.  128). 

Consequently,  for  polycrystalline  NiAl,  dramatic  changes  in  mechanical  behavior  at  the  BDTT  are 
due  to  the  onset  of  thermally  activated  deformation  processes.  The  significance  of  dislocation  climb 
occurring  in  a  material  such  as  NiAl  has  been  demonstrated  by  Groves  and  Kelly  (ref.  271),  who  have 
determined  that  the  combination  of  both  glide  and  climb  of  dislocations  with  <100>  Burgers  vectors  will 
result  in  five  independent  deformation  mechanisms.  This  condition  would  satisfy  the  von  Mises  criterion 
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allowing  for  extensive  plasticity  in  polycrystalline  NiAl  by  relieving  stresses  at  the  grain  boundaries  and 
other  sites  of  extensive  stress  concentration. 

The  lowest  temperature  at  which  the  BDTT  occurs  in  polycrystalline  NiAl,  approximately  0.30  Tm,  is 
still  within  the  temperature  regime  for  which  thermally  activated  deformation  mechanisms  occur  primarily 
by  short  circuit  diffusion  (refs.  272  and  273).  For  example,  climb  could  be  restricted  to  grain  boundary 
regions  and  yet  be  very  influential  in  relieving  compatibility  stresses.  Typical  dislocation  glide  processes 
would  still  dominate  the  deformation  behavior  of  the  grain  interiors  until  temperatures  of  approximately 
0.5  Tm  are  reached.  This  description  is  consistent  with  in  situ  TEM  annealing  studies  on  NiAl  that  have 
qualitatively  determined  the  operative  temperatures  for  dislocation  climb  by  short  circuit  and  bulk  diffu¬ 
sion  processes  (ref.  128). 

Dislocation  climb  processes  could  also  be  used  to  explain  the  brittle-to-ductile  transition  in  [001] 
oriented  single  crystals,  as  the  BDTT  varies  in  the  same  manner  with  strain  rate  as  polycrystalline  NiAl. 
Furthermore,  the  temperature  range  over  which  this  change  in  behavior  occurs  corresponds  to  the  change 
in  deformation  from  <111>  slip  to  deformation  by  <100>  and  <110>  dislocations.  Because  of  the  orien¬ 
tation  of  hard  crystals,  <001  >  slip  would  be  almost  impossible  because  of  a  zero  resolved  shear  stress. 
Consequently,  these  dislocations  would  have  to  move  by  a  climb  process. 

The  mechanism  for  the  brittle-to-ductile  transition  in  soft  orientation  single  crystals,  however,  is  not 
clear.  For  soft  single  crystal  orientations  the  BDTT  occurs  at  lower  temperatures,  approximately  0.25  Tm, 
and  the  dependence  of  the  BDTT  on  strain  rate  is  small.  It  has  been  proposed  that  the  BDTT  could 
arise  because  of  enhanced  cross-slip,  or  unlocking  of  dislocations  from  impurities  or  point  defects.  How¬ 
ever,  observed  deformation  behaviors  and  TEM  observations  have  failed  to  make  a  strong  case  for  either 
mechanism.  It  is  even  possible  that  the  BDTT  arises  because  the  temperature  is  sufficiently  high  to  pre¬ 
vent  stress  induced  martensite  formation  at  the  crack  tip,  a  phenomenon  revealed  by  computer  simular 
tions  refs.  269  and  270).  With  understanding  of  the  mechanism  responsible  for  the  BDTT  in  soft  single 
crystals  could  come  the  development  of  more  ductile  alloys.  Consequently,  this  is  starting  to  become  an 
area  of  increased  research  effort. 


7.  FRACTURE  MECHANICS  AND  FATIGUE 
7.1  Fracture  Toughness 

Fracture  toughness  evaluation  of  NiAl-based  materials  has  been  a  topic  of  recent  emphasis.  Conse¬ 
quently,  room  temperature  data  now  exists  for:  single  phase  polycrystalline  NiAl  alloys  processed  by  a 
number  of  techniques  (refs.  274  to  279),  two-phase  and/or  ternary  alloys  based  on  NiAl  (refs.  276,  279, 
and  280),  single  crystal  NiAl  (refs.  62,  280,  and  281),  NiAl  composites  (refs.  275  and  276),  and  NiAl- 
based  eutectic  alloys  (refs.  264  and  282).  Typical  room  temperature  toughness  values  for  NiAl  and  NiAl- 
based  alloys  and  composites  are  summarized  in  table  X. 

The  plane  strain  fracture  toughness  for  binary,  single  phase  polycrystalline  NiAl  at  room  temperature 
has  been  measured  between  approximately  4  and  6  MPa/m  and  is  essentially  independent  of  grain  size, 
stoichiometry  or  processing  technique  (refs.  274,  275,  277  to  279,  and  283).  These  values  are  relatively 
low,  and  similar  to  those  for  dense  polycrystalline  ceramics,  i.e.,  5  to  6  MPav'm  for  polycrystalline  Ala03 
and  about  7  MPav'm  for  polycrystalline  AljOg-ZrOj  of  eutectic  composition  (ref.  284).  Furthermore,  room 
temperature  fracture  in  NiAl  occurs  without  any  stable  crack  growth  (ref.  274)  and  the  fracture  mode 
during  toughness  testing  has  been  reported  to  be  transgranular  (refs.  276  and  278)  as  opposed  to  inter¬ 
granular,  which  is  observed  during  monotonic  tensile  tests  of  binary  Ni-50A1.  However,  due  to  the 
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extreme  dependence  of  fracture  morphology  on  composition  and  the  lack  of  compositional  characterisation 
in  these  studies  (refs.  276  and  278)  it  is  not  possible  to  conclude  whether  the  test  technique  or  some 
compositional  effect  was  the  cause  of  the  transgranular  fracture. 

The  fracture  toughness  of  polycrystalline  NiAl  can  be  increased  by  going  to  very  Ni-rich  compositions, 
>60  at  %  Ni,  while  smaller  deviations  from  stoichiometry  have  no  apparent  affect  on  toughness  (fig.  36). 
There  are  probably  two  different  toughening  mechanisms  responsible  for  this  increased  toughness.  First, 
a  peak  in  toughness  of  approximately  9  MPav'm  has  been  reported  for  single  phase  ^alloys  at  61.5  percent 
Ni,  possibly  due  to  martensitic  transformation  toughening  (ref.  276).  However,  due  to  the  small  volume 
increase  during  the  NiAl  to  martensite  transformation  (ref.  285),  only  a  very  small  increase  in  toughness 
would  be  expected  by  this  mechanism  (ref.  265).  The  toughness  of  Ni-rich  NiAl  can  also  be  increased 
with  the  formation  of  a  two-phase  microstructure  consisting  of  a  Ni3Al  necklace  structure  surrounding 
^•grains  (refs.  276  and  277).  This  increased  toughness,  demonstrated  in  figure  36,  can  be  attributed  to 
typical  ductile  phase  toughening  mechanisms.  However,  the  toughness  of  a  two-phase  NiAl-based  alloy 
decreases  if  the  second  phase  has  less  toughness  than  NiAl  as  in  the  case  of  NiAl/NiAlNb  alloys  (ref.  280). 
A  several  fold  increase  in  the  toughness  of  NiAl  has  also  been  observed  after  alloying  with  additions  of  5 
at  %  Nb  or  Ti  (ref.  279).  This  result  is  surprising  considering  the  brittleness  of  the  second  phase  particles 
that  would  be  present,  especially  in  the  case  of  the  Nb-doped  alloy  (ref.  280),  and  the  mechanism  behind 
this  increase  in  toughness  is  presently  unknown. 

The  fracture  toughness  of  single-crystal  NiAl  is  similar  to  or  greater  than  single-phase  polycrystalline 
material  but  is  anisotropic.  It  varies  between  4  to  6  MPav'm  when  the  notch  is  parallel  to  { 1 10}  and  8  to 
10  MPav'm  when  the  plane  of  the  notch  is  parallel  to  {100}  (refs.  280  and  281).  It  was  observed  that  cracks 
tend  to  initiate  along  higher  index  planes  such  as  {115}  or  {117}  and  then  transition  to  {110}  planes  as 
demonstrated  in  figure  37  (ref.  281).  The  reason  for  this  transient  behavior  is  unknown.  It  has  also  been 
reported  (ref.  62)  that  alloying  elements  that  tend  to  ductilize  single  crystals  such  as  Fe,  Mo,  and  Ga 
tend  to  increase  the  fracture  toughness  of  single  crystal  NiAl.  The  room  temperature  fracture  toughness 
of  NiAl  also  has  been  successfully  modeled  from  a  first  principles  total  energy  approach  by  Yoo  and  Fu 
(ref.  253).  They  not  only  predict  a  KIC  fracture  toughness  of  5  to  6  MPav'm  for  NiAl  but  predict  a 
(110)  cleavage  plane  as  well. 

The  fracture  toughness  of  powder-processed,  NiAl-based  composites  has  been  investigated  by  Kumar 
et  al.  (ref.  276).  They  found  that  l-/im  diameter  TiB2  particulates  had  essentially  no  effect  on  the  room 
temperature  fracture  toughness  of  NiAl  but  that  A1203  whisker  reinforcement  resulted  in  a  50  percent 
increase  in  toughness  when  present  at  volume  fractions  of  15  to  25  percent.  Initial  results  on  a  FP  A1203 
fiber-reinforced  NiAl  composite  that  had  a  fracture  toughness  of  14.3  MPav'm  (ref.  286)  indicate  that 
continuous  fiber  reinforcement  has  potential  for  increasing  toughness.  Composite-like  materials  also  can 
be  produced  by  eutectic  solidification  processing.  When  a  NiAl-9Mo  eutectic  is  arc  melted  it  has  a  frac¬ 
ture  toughness  of  approximately  9  MPav'm  (ref.  282),  but  after  directional  solidification  the  eutectic  com¬ 
posite  consists  of  approximately  11  vol  %  1-pm  diameter  rods  in  a  single-crystal  NiAl  matrix  and  has  a 
fracture  toughness  of  15  MPav'm  (ref.  264).  Directionally  solidified  NiAl-Cr  eutectics  have  a  toughness  of 
approximately  18  MPav'm  but  the  volume  fraction  of  o-Cr  in  this  eutectic  alloy  is  on  the  order  of 
34  vol  %  (ref.  264). 

Fracture  toughness  investigations  of  NiAl  at  elevated  temperatures  have  been  primarily  limited  to  the 
work  of  Reuss  and  Vehoff  (refs.  278,  280,  and  283).  They  found  that  the  fracture  toughness  of  polycrys¬ 
talline  NiAl  increases  with  temperature  with  the  transition  to  ductile  behavior  and  high  toughness  values 
occurring  between  550  and  650  K  (fig.  38).  In  this  intermediate  temperature  regime  the  fracture  tough¬ 
ness  of  NiAl  ranges  from  20  to  nearly  50  MPav'm  depending  on  the  microstructure  and  grain  size 
(refs.  278  and  283).  The  increasing  toughness  of  NiAl  with  temperature  corresponds  to  the  observed 
increase  in  tensile  fracture  strength  with  temperature  (fig.  30),  and  would  be  expected  considering  the 
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linear  dependence  between  and  fracture  stress  for  a  constant  flaw  sise.  Thus,  the  same  mechanisms 
responsible  for  the  BDTT  in  NiAl  would  be  responsible  for  this  increase  in  toughness  since  both  proper¬ 
ties  would  be  manifestations  of  the  same  change  in  deformation  behavior. 


7.2  Cyclic  Deformation 

Reports  on  fatigue  behavior  of  B2  compounds  have  been  limited  to  cyclic  hardening  behavior  and 
fatigue  crack  initiation  of  FeCo-2%V  alloys  (refs.  287  to  289)  and  limited  room  temperature  testing  of 
Fe-40A1  and  Ni-20Fe-30Al  alloys  (refs.  290  and  291).  However,  several  fatigue  programs  on  single-crystal 
(ref.  292)  and  polycrystalline  NiAl  (ref.  293  and  294)  are  presently  underway. 

Initial  results  (ref.  293)  of  plastic  strain  controlled,  low  cycle  fatigue  of  polycrystalline  Ni-50A1  at 
1000  K  indicate  that  the  fatigue  life  of  NiAl  is  only  mildly  sensitive  to  processing  technique  (fig.  39).  The 
fatigue  life  of  Ni-50A1  samples  produced  by  HIP’ing  prealloyed  powders  is  about  a  factor  of  3  lower  than 
that  for  cast  and  extruded  material.  It  was  observed  that  the  fatigue  crack  growth  path  in  either  mate¬ 
rial  was  intergranular  but  fast  fracture  always  occurred  in  a  transgranular  manner.  It  was  determined 
that  fatigue  life  also  could  be  increased  slightly  by  testing  in  vacuum  as  opposed  to  air  (ref.  293).  Low 
cycle  fatigue  failure  at  lower  temperatures  (600  to  700  K)  was  mixed  mode  in  nature,  however,  the 
regions  of  stable  crack  growth  prior  to  failure  are  difficult  to  resolve  from  the  region  of  fast  fracture  and 
lives  were  fairly  low  (ref.  294).  Finally,  cyclic  failure  at  room  temperature  is  preceded  by  continuous 
hardening  and  is  predominantly  intergranular  in  morphology  (ref.  293). 

At  elevated  temperatures,  1033  K,  [001]  Ni-49.9Al-0.lMo  single  crystals  follow  the  expected  Manson- 
Coffin  strain  life  behavior,  typical  of  conventional  nickel-base  superalloys  (ref.  292),  and  lives  were  very 
similar  to  polycrystalline  material  (fig.  39).  The  lives  of  the  NiAl  were  longer  compared  to  RENE’N4  at 
high  strain  ranges  because  of  the  higher  ductility  of  the  nickel  aluminide.  The  lives  of  the  intermetailic 
were  much  shorter  than  the  superalloy  at  low  strain  ranges  reflecting  the  lower  yield  strength  of  NiAl  at 
elevated  temperatures. 


8.  DIFFUSION 

Using  various  techniques  a  number  of  different  investigators  have  examined  the  diffusion  behavior  of 
NiAl  as  a  function  of  temperature  and  intermetailic  stoichiometry.  Tracer  diffusion  (refs.  136  and  295 
to  297)  of  Ni63,  In114,  or  Co60,  and  interdiffusion  in  Ni-Al  alloys  using  diffusion  couples  of  various  compo¬ 
sitions,  with  (refs.  298  to  300)  and  without  (ref.  301)  inert  markers  has  been  investigated.  The  reaction 
diffusion  and  interfacial  stability  of  Ni-50A1  with  various  Ni-Cr-Al  alloys  (ref.  302)  and  interdiffusion  in 
the  Ni-rich  section  of  the  Ni-Cr-Al  phase  diagram  including  the  NiAl  phase  (refs.  303  to  305)  have  also 
been  extensively  studied. 

The  diffusion  coefficients  for  NiAl  determined  by  various  investigators  tend  to  agree  within  an  order 
of  magnitude  for  most  studies,  as  demonstrated  in  figure  40.  The  measured  diffusion  coefficients  for  Ni 
determined  by  Hancock  and  McDonnell  (ref.  136)  compare  reasonably  well  with  earlier  data  for  the  diffu¬ 
sion  of  Co60  in  NiAl  (ref.  297),  and  self-diffusion  of  Ni  in  NiAl  (refs.  298  and  299),  while  diffusion  for 
In114  was  found  to  be  about  an  order  of  magnitude  slower  at  Al-rich  compositions  (ref.  295).  This  is 
probably  due  to  the  larger  atomic  mass  and  volume  of  the  In144  isotope  which  can  result  in  a  low  pre¬ 
exponential  term,  DQ.  Nevertheless,  these  are  the  only  experiments  (ref.  295)  that  have  examined  the 
tracer  diffusion  of  a  specie  that  resides  on  the  A1  sublattice.  Values  of  the  pre-exponential  term  were  also 
unusually  low  for  Ni®3  diffusion  in  Al-rich  compositions  (ref.  136),  but  generally  fell  within  the  range 
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typical  for  B2  compounds  (ref.  306)  otherwise.  The  interdiffusion  data  of  Shankar  and  Seigle  (ref.  298) 
are  higher  than  the  tracer  diffusion  coefficients  by  about  a  factor  of  10. 

A  minimum  in  the  diffusion  coefficient  occurs  near  stoichiometric  NiAl  (refs.  136,  295,  297,  and  298) 
as  demonstrated  in  figure  40.  From  the  data  available,  the  minimum  in  the  diffusion  coefficient  occurs 
either  at  stoichiometry  (ref.  297),  or  within  a  percent  of  stoichiometry  at  slightly  Ni-rich  (ref.  298)  or  Al- 
rich  (refs.  136  and  295)  compositions.  Again,  the  main  problem  appears  to  be  in  the  accurate  measure¬ 
ment  of  composition  and  not  alloy  behavior.  With  obvious  deviation  from  stoichiometry,  small  excesses 
of  A1  increase  the  diffusion  coefficient  significantly,  which  is  due  to  the  presence  of  a  high  concentration  of 
structural  vacancies  in  addition  to  the  thermal  vacancies  present.  A  much  smaller  increase  in  the  diffu¬ 
sion  coefficient  is  observed  as  the  composition  moves  to  the  Ni-rich  side  of  stoichiometry. 

The  activation  energy  for  diffusion  of  various  species  in  NiAl  is  summarized  in  figure  41.  It  is  evident 
from  the  plot  that  there  is  fairly  significant  scatter  between  the  various  studies.  From  the  data  in  figure  41, 
the  average  activation  energy  for  diffusion  in  NiAl,  independent  of  composition,  is  225±39  k J /mol.  How¬ 
ever,  average  independent  measurements  for  the  energies  of  formation  and  migration  of  vacancies  dis¬ 
cussed  in  section  3.1,  are  approximately  140  and  160  kJ/mol,  respectively.  The  sum  of  these  two  values 
indicates  that  the  activation  energy  for  diffusion  in  NiAl  should  be  closer  to  300  kJ / mol,  which  is  in 
agreement  with  the  results  of  Hancock  and  McDonnell  (ref.  136).  For  studies  investigating  activation 
energies  as  a  function  of  composition  (refs.  136,  295,  297,  and  298)  it  was  observed  that  a  change  in 
activation  energy  occurred  near  stoichiometric  compositions  and  three  studies  (refs.  136,  295,  and  297 
reported  a  peak  in  activation  energy  near  Ni-50A1.  At  Ni-rich  compositions  the  activation  energy  either 
decreases  or  reaches  a  plateau  with  further  increases  in  Ni-content  (refs.  136,  295,  297,  and  298).  The 
decrease  in  activation  energy  for  Al-rich  NiAl  is  proposed  to  result  from  the  formation  of  constitutional 
vacancies,  and  the  activation  energy  it  fleets  the  energy  of  motion  of  a  vacancy,  while  the  higher  activa¬ 
tion  energy  for  Ni-rich  NiAl  reflects  the  energy  required  to  form  and  to  move  a  vacancy  (ref.  136).  This 
behavior  has  been  interpreted  as  evidence  for  diffusion  by  a  vacancy  mechanism  (ref.  136). 

Although  diffusion  data  for  NiAl  has  been  analyzed  with  respect  to  the  standard  Arrhenius  equation, 
a  measurable  deviation  from  linearity  was  noted  at  lower  temperatures  (ref.  136),  which  is  probably  due 
to  the  onset  of  short-circuit  diffusion  mechanisms.  Additional  work  on  determining  the  activation  energy 
and  mechanisms  of  diffusion  at  lower  temperatures  is  needed  since  almost  no  diffusion  data  exits  for  NiAl 
below  approximately  1200  K. 


9.  CREEP  OF  NiAl  AND  NiAl-BASED  MATERIALS 
9.1  Introduction 

Creep  resistance  of  NiAl  is  one  of  the  most  important  properties  required  for  its  extended  use  at  high 
temperatures.  Consequently,  the  review  of  creep  properties  is  divided  into  two  main  parts.  First,  the 
creep  behavior  of  the  binary,  single  phase  intermetallic  is  presented,  and  the  basic  creep  mechanisms  dis¬ 
cussed.  The  second  half  of  this  section  will  describe  strategies  and  attempts  at  improving  the  creep 
strength  of  NiAl-based  intermetallics. 


9.2  Creep  of  Binary  NiAl 

Creep  behavior  in  B2  aluminides  follows  that  for  metals  and  alloys  and  can  be  divided  into  primary, 
secondary  and  tertiary  stages.  The  shape  of  the  primary  creep  curve  provides  an  important  clue  for 
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determining  the  deformation  mechanisms,  although  the  secondary  stage  is  usually  of  more  interest 
because  it  tends  to  comprise  the  majority  of  the  creep  life.  The  tertiary  stage  has  rarely  been  examined 
in  NiAl-based  materials,  primarily  because  most  testing  to  date  has  been  in  compression,  where  tertiary 
creep  is  suppressed  or  eliminated. 

The  second  stage  or  steady-state  creep  rate  e  is  usually  expressed  as  a  form  of  the  Dorn  equation 
(ref.  307): 


i  =  A  o11  exp(-Q/RT) 

where  a  is  the  applied  stress,  n  is  the  stress  exponent,  Q  is  the  activation  energy  for  creep,  R  is  the 
gas  constant,  T  is  the  absolute  temperature,  and  A  is  a  constant  which  takes  into  account  such  vari¬ 
ables  as  microstructure  and  stacking  fault  or  anti-phase  boundary  energy.  The  values  for  n  and  Q  are 
dependent  on  the  operative  deformation  mechanisms  within  a  given  temperature  and  stress  regime.  An 
important  p-'int  implied  by  the  above  creep  relationship  is  that  the  steady-state  creep  rate  is  independent 
of  test  mode.  Although  creep  tests  have  traditionally  been  performed  under  constant  load  or  constant 
stress  conditions,  with  the  steady  state  strain  rate  measured  as  the  dependent  variable,  it  is  equally  valid 
to  impose  a  constant  strain  rate  and  measure  the  steady  state  flow  stress  as  the  dependent  variable.  This 
has  been  experimentally  verified  for  a  number  of  systems  (refs.  308  and  309)  with  known  exceptions  that 
can  be  traced  to  microstructural  instabilities  (ref.  310). 

9.2.1  Dislocation  creep. — Dislocation  creep  mechanisms  are  well  described  by  the  above  semi- 
empirical  equation,  although  the  details  of  the  mechanisms  themselves  are  being  continuously  refined 
(ref.  311).  For  single-phase  metals  and  alloys,  dislocation  creep  can  be  classified  as  either  of  two  main 
types,  known  as  Class  M,  or  pure  metal  type,  and  Class  A,  or  alloy  type  (refs.  311  to  313).  Class  M 
creep  is  characterized  by  glide  being  much  faster  than  climb,  and  thus  creep  becomes  controlled  by  the 
rate  of  climb  past  substructural  obstacles.  Class  A  creep  is  often  called  viscous  glide  controlled  creep, 
since  the  glide  of  dislocations  is  restricted  by  solute  atoms  or  perhaps  by  a  high  lattice  friction  stress  due 
to  long  range  order.  This  reduced  glide  mobility  is  the  limiting  creep  process,  while  climb  can  occur 
readily.  These  two  types  of  behavior  can  be  distinguished  by  several  criteria  including  the  stress  expo¬ 
nent,  the  shape  of  the  primary  creep  curve,  dislocation  substructure  and  the  response  of  the  material  to 
stress  or  strain  rate  transients  (refs.  307  and  311  to  315). 

A  summary  of  the  stress  exponents  and  activation  energies  determined  by  various  authors  (refs.  169, 
235,  and  316  to  322)  for  creep  of  NiAl  is  presented  in  table  XI.  For  NiAl,  the  average  value  for  the  acti¬ 
vation  energy  of  creep  is  approximately  314  kJ/mol.  This  value  is  reasonably  close  to  the  higher  end  of 
the  range  of  activation  energies  determined  in  diffusion  experiments  (refs.  136,  295,  297,  and  298).  Cor¬ 
rection  for  the  temperature  dependence  of  the  elastic  modulus,  using  dynamic  moduli  (refs.  15  and  90) 
results  in  reductions  in  Q  ranging  from  20  to  30  kJ  / mol,  thus  bringing  the  value  for  Q  within  the 
range  of  data  for  diffusion  displayed  in  figure  41. 

Figure  42  presents  a  summary  of  measured  and  interpolated  creep  data  for  binary  NiAl  at  1175  K 
(refs.  235,  317,  319  to  321,  and  323).  Most  of  the  data  fall  within  reasonable  agreement,  with  no  more 
than  about  a  factor  of  5  difference  in  creep  rate  at  a  given  stress  level,  and  similar  stress  exponents  that 
are  on  the  order  of  4.5  to  6.  The  strengths  reported  by  Vandervoort  et  al.  (ref.  235)  appear  to  be  abnor¬ 
mally  weak  for  no  known  reason.  Figure  43  is  a  compilation  of  stress  exponents  as  a  function  of  temper¬ 
ature  and  includes  studies  (refs.  166,  170,  235,  and  316  to  319,  321,  and  322)  on  materials  having  a  wide 
variety  of  grain  sizes,  including  single  crystals.  Below  about  1000  to  1100  K,  the  stress  exponent  rises 
significantly,  indicating  a  transition  between  high  temperature  creep  and  lower  temperature  behavior. 
Discounting  the  abnormally  weak  material  of  Vandervoort  et  al.  (ref.  235),  this  figure  reveals  that 


35 


between  approximately  1100  to  1400  K,  the  values  for  n  cluster  between  5  and  7.  Although  a  stress 
exponent  of  7  is  higher  than  typical,  such  high  values  have  been  observed  in  several  Class  M  materials 
(refs.  324  and  325).  Observations  of  subgrain  formation  after  high  temperature  deformation  have  been 
made  by  numerous  workers  (refs.  138,  166,  168,  177,  and  316  to  320)  and  normal  primary  creep  behavior, 
under  both  constant  load  and  constant  crosshead  speed  conditions,  has  also  been  observed  (refs.  166,  316 
to  318,  and  326).  Additionally,  the  strain  rate  transient  tests  performed  by  Yaney  and  Nix  (ref.  326)  are 
consistent  with  Class  M  behavior.  So  in  summary,  the  vast  majority  of  results  from  a  wide  variety  of 
sources  indicate  that  high  temperature  creep  in  NiAl  is  climb  controlled. 

Figure  44  is  a  plot  of  steady  state  creep  rate  as  a  function  of  A1  content  for  NiAl  for  three  different 
temperature  and  stress  conditions.  Unlike  most  properties  for  NiAl,  there  is  a  broad  range  in  composition 
between  about  45  and  52  at  %  Al,  where  the  creep  rate  is  roughly  independent  of  stoichiometry  (refs.  235, 
317,  319,  and  327).  The  largest  difference  in  creep  rates  within  this  range  of  compositions  is  about  a  fac¬ 
tor  of  5.  Only  at  very  low  Al  contents  is  NiAl  noticeably  weaker  (refs.  183  and  327).  This  is  most  easily 
explained  by  the  lower  melting  points  of  these  compositions,  which  in  turn  implies  a  higher  diffusivity, 
although  the  diffusivity  data  summarized  in  figure  40  would  imply  a  more  significant  effect.  These  trends 
as  a  function  of  stoichiometry  are  reversed  from  those  observed  at  lower  temperatures  (ref.  216),  where 
defect  hardening  predominates  over  the  effects  of  diffusion. 

Although  dislocation  creep  mechanisms  are  generally  considered  to  be  independent  of  grain  size, 
studies  of  NiAl  and  FeAl  (ref.  328)  have  demonstrated  that  elevated  temperature  creep  strength  can 
sometimes  be  improved  by  decreasing  the  grain  size.  In  the  case  of  NiAl,  the  data  in  figure  45  (refs.  316 
and  322)  illustrate  that  material  with  a  grain  size  below  ~10  /xm  is  capable  of  improved  creep  resistance. 
Since  NiAl  is  a  Class  M  material  which  exhibits  subgrain  boundaries  that  act  as  obstacles  to  dislocation 
motion,  this  behavior  can  be  expected  when  the  grain  size  is  finer  than  the  equilibrium  subgrain  size 
(ref.  316).  Unfortunately,  the  effectiveness  of  fine  grain  size  is  restricted  to  lower  temperatures  and/or 
higher  stresses,  where  diffusional  creep  mechanisms  have  less  influence. 

9.1.2  Diffusional  creep. — Time  dependent  deformation  can  occur  by  stress-assisted  vacancy  flow  at 
stresses  which  are  too  low  for  dislocation  processes  to  be  significant.  Creep  by  these  diffusional  mechan¬ 
isms  such  as  Nabarro-Herring  or  Coble  creep  is  attributed  solely  to  movement  of  vacancies  from  sources 
to  sinks,  which  are  usually  grain  boundaries  of  different  orientations  with  respect  to  the  applied  stress. 
These  mechanisms  are  characterized  by  stress  exponents  of  n  =  1  and  a  clear  dependence  of  creep 
strength  on  grain  size,  with  large  grained  materials  being  more  creep  resistant.  Rudy  and  Sauthoff 
(ref.  320)  provided  the  most  convincing  evidence  for  diffusional  mechanisms  in  a  B2  Ni-20Fe-50Al  alloy, 
namely  a  stress  exponent  of  1.  Additionally,  there  is  some  evidence  in  binary  NiAl  at  temperatures  above 
1300  K  and  at  low  strain  rates,  where  grain  growth  during  the  creep  test  resulted  in  coarser  grained 
material  having  higher  strengths  (ref.  317).  Figure  42  displays  some  recent  data  (ref.  323)  showing  a  low 
stress  exponent  that  may  indicate  some  grain  boundary  assisted  mechanism  operating  at  low  stresses.  In 
addition,  figure  45  illustrates  that  the  fine  grained  material  begins  to  lose  its  advantage  at  stresses  below 
approximately  30  MPa,  as  indicated  by  the  change  in  slope.  Therefore,  the  limited  data  generated  to 
date  on  high  temperature  (>1300  K)  creep  in  polycrystalline  NiAl  indicates  that  diffusional  creep  is 
possible. 


9.3  Strategies  for  Improving  Creep  Resistance 

There  is  a  decrease  of  about  8  orders  of  magnitude  in  creep  rate  as  progressive  alloying  changes  are 
made  from  pure  Ni  to  a  Ni-base  superalloy,  and  the  formation  of  a  second  phase  is  one  of  the  major  rea¬ 
sons  for  this  improvement  (ref.  308).  Similar  improvements  will  be  necessary  for  nickel  aluminides  to 
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compete  with  current  superalloys.  As  a  measure  of  progress  to  date,  creep  properties  of  NiAl-based 
alloys,  which  were  generated  primarily  in  compression,  will  be  compared  to  the  tensile  creep  response  of 
NASAIR  100,  a  first  generation  single  crystal  superalloy  (ref.  330). 

9.3.1  Solid  solution  strengthening. — The  role  of  solid  solution  hardening  in  NiAl  at  1200  K  is  sum¬ 
marized  in  figure  46  (refs.  317,  320,  322,  329,  and  330  to  332).  Two  data  sets  for  binary  NiAl  are  shown 
which  cover  the  range  in  creep  strength  seen  in  the  numerous  studies,  with  both  having  a  stress  exponent 
of  c^5.  All  of  the  solid  solution  alloys  show  some  improvements  in  strength,  but  they  also  exhibit  a  change 
in  n  to  a  value  near  3  or  4.  Thus  it  appears  that  these  solute  additions  have  changed  creep  to  a  viscous 
drag  mechanism,  in  a  manner  very  similar  to  that  which  occurs  when  alloying  elements  are  added  to  pure 
metals.  In  fact,  in  one  recent  study  (ref.  333),  a  transition  from  Class  M  to  Class  A  behavior  was  observed 
in  the  B2  compound  Ni-20Fe-30Al  as  a  function  of  applied  stress,  and  the  transition  appeared  to  be  well 
described  by  current  theories  developed  for  disordered  solid  solutions  (refs.  312  and  313).  However, 
because  of  this  new  stress  exponent,  the  strength  improvements  over  binary  NiAl  were  only  large  at  high 
stresses,  and  in  the  lower  stress  regime  the  advantage  was  reduced  or  eliminated.  Finally,  it  is  of  interest 
to  note  in  figure  46  that  one  of  the  largest  strengthening  effects  was  produced  by  an  addition  of  only 
0.05  at  %  Zr  (ref.  322).  This  sensitivity  to  small  differences  in  composition  might  be  the  main  reason  for 
discrepancies  in  mechanical  properties  among  various  published  results  for  nominally  “binary”  NiAl. 

While  it  appears  that  solid  solution  hardening  does  provide  some  creep  strength  improvements  over  the 
binary  alloy,  this  concept  is  inadequate  by  itself  and  must  be  used  in  combination  with  other  strengthen¬ 
ing  mechanisms  to  compete  with  superalloys. 

9.3.2  Precipitation  strengthening. — Significant  improvements  in  creep  strength  of  NiAl  by  precipita¬ 
tion  hardening  were  first  demonstrated  by  Polvani  et  al.  (ref.  334)  by  adding  Ti  to  form  a  two-phase 
mixture  of  NiAl  and  Heusler  phase  Ni2AlTi.  Additional  Heusler  phases  and  other  intermetallic  compounds 
such  as  Laves  (e.g.,  NiAlTa)  can  be  formed  with  ternary  additions  such  as  Nb,  Ta,  Hf,  Zr,  and  V.  The 
creep  properties  of  some  Ti-  and  Ta-containing  alloys  are  presented  in  figure  47.  It  is  evident  that  these 
materials  are  reasonably  strong,  but  again,  extrapolation  to  low  stresses  shows  the  advantage  diminish¬ 
ing.  The  reasons  for  the  low  stress  exponent  in  these  alloys  is  not  entirely  clear,  since  most  creep  resis¬ 
tant,  two-phase  alloys  exhibit  significantly  higher  stress  exponents  than  the  matrix  phase.  In  most  cases, 
the  microstructures  of  the  ternary  alloys  were  probably  not  optimized.  For  example,  if  the  second  phase 
is  not  fine  enough,  effective  strengthening  would  not  be  expected.  Equally  valid  explanations  may  be 
that  the  observed  n  values  represent  a  superposition  of  several  deformation  mechanisms,  including  diffu- 
sional  creep,  and/or  that  coarsening  of  the  precipitate  phase  results  in  less  strengthening  in  the  low 
stress/long  life  regime.  By  analogy  to  the  superalloys,  optimizing  the  creep  strength  requires  a  balance  of 
the  compositions  of  the  two  phases,  the  precipitate  volume  fraction  and  the  size  and  distribution  of  the 
precipitates. 

A  further  example  of  the  sensitivity  of  creep  strength  to  microstructure  in  NiAl-based  alloys  is  shown 
in  figure  48  (refs.  317,  330,  332,  335,  and  336).  The  alloys  with  Nb-rich  Laves  phase  behave  similarly  to 
the  other  alloys  in  figure  47,  but  it  is  also  evident  that  by  changing  the  processing  of  the  alloy  from  cast¬ 
ing  plus  extrusion  to  directional  solidification,  both  the  creep  strength  and  the  stress  exponent  were 
changed  even  when  the  second  phase  was  only  partially  aligned  (ref.  336). 

Darolia  (ref.  62)  has  recently  reported  promising  tensile  creep-rupture  properties  for  single  crystals 
containing  Heusler  precipitates.  A  comparison  of  the  creep  response  of  NiAI+lHf  in  both  polycrystalline 
(ref.  337)  and  single-crystal  (ref.  338)  form  is  exhibited  in  figure  49.  The  polycrystalline  material,  which 
is  strengthened  by  Heusler  precipitates,  shows  behavior  similar  to  the  other  ternary  alloys  in  figure  47. 
However,  the  single-crystal  version  is  not  only  stronger  but  displays  a  significantly  different  stress 
dependence.  This  implies  that  the  polycrystalline  version  is  deforming  by  a  superposition  of  dislocation 
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and  grain  boundary  mechanisms.  However,  one  complicating  factor  was  the  presence  of  approximately 
200  wt  %  ppm  Si  in  the  single  crystal  that  resulted  in  the  formation  of  a  significant  quantity  of  G-phase 
precipitates  (refs.  339  and  340).  The  influence  of  Si  pickup  and  the  presence  of  the  G-phase  on  creep  of 
single-crystal  NiAi  has  not  been  determined. 

Anisotropy  in  creep  strength  is  another  important  effect  that  must  be  considered  with  single  crystals.  ^ 

Certain  orientations  may  possess  higher  creep  strength,  which  could  be  exploited  in  applications  such  as 
turbine  blades.  For  creep  of  single  phase  binary  compounds  at  temperatures  above  approximately 
1050  K,  some  research  has  found  significantly  higher  strength  for  the  hard  orientation  (refs.  166  and  176)  • 

whereas  a  significant  anisotropy  has  not  been  observed  in  other  work  (ref.  183  and  216).  A  probable 
reason  for  these  discrepancies  lies  in  differences  in  sample  geometry  and  the  use  of  tension  versus  com¬ 
pression  testing.  Subgrain  formation,  which  has  been  shown  to  be  an  important  factor  in  the  creep 
response  of  NiAl,  might  be  delayed  when  single  crystals  are  tested.  In  single  crystal  form,  the  limited 
number  of  slip  systems  in  NiAl  would  prevent  or  delay  the  onset  of  intersecting  slip  which  is  necessary  for 
subgrain  formation.  In  fact,  Strutt  and  Dodd  (ref.  341)  have  reported  that  subgrain  formation  was  not 
observed  in  single  crystals  unless  short  aspect  ratio  compression  specimens  were  used.  In  any  case,  the 
degree  of  anisotropy  would  be  expected  to  be  quite  different  in  precipitation-strengthened  alloys,  where 
the  dislocation  structure  would  be  on  a  much  finer  scale. 

9.3.3  Dispersion  strengthening. — By  rapid  solidification,  very  fine  dispersions  of  second  phases,  with 
diameters  on  the  order  of  20  to  50  nm,  can  be  formed.  These  particles  are  generally  resistant  to  coarsen¬ 
ing  due  to  their  very  low  solubility  in  the  matrix.  For  NiAl,  both  pure  elements  such  as  W  and  Mo  and 
various  carbides  or  borides  are  candidates  for  this  type  o i  strategy.  These  dispersoids  also  tend  to  pin 
grain  boundaries  and  result  in  significant  grain  refinement  (refs.  129,  342,  and  343).  Figure  50  reveals 
that  the  additions  of  W  (ref.  129)  and  TiC  (ref.  342)  had  very  little  strengthening  effect,  and  TiB2 
(ref.  342)  showed  about  an  order  of  magnitude  improvement  over  binary  NiAl.  However,  this  degree  of 
strengthening  can  be  achieved  simply  due  to  grain  refinement  similar  to  that  shown  in  figure  45,  or  due 
to  solid  solution  strengthening  by  B.  Consequently,  significant  dispersoid/dislocation  interactions  are  not 
expected  in  these  alloys. 

More  interesting  are  the  improvements  achieved  with  HfB2  (ref.  344)  and  HfC  (refs.  342  and  343), 
dispersions,  which  are  considerably  stronger  than  binary  NiAl.  In  the  case  of  HfC-strengthened  NiAl, 
there  was  some  indication  of  a  threshold  stress  at  approximately  50  MPa  below  which  no  creep  occurred 
(ref.  343).  However,  more  recent  work  has  shown  that  this  apparent  threshold  stress  is  the  result  of 
dynamic  grain  growth  which  is  a  function  of  testing  conditions  (refs.  310  and  345).  These  new  data 
indicate  that  for  HfC-strengthened  NiAl,  coarse-grained  material  is  more  creep  resistant  than  the  finer 
grained  product,  which  is  opposite  of  the  trend  observed  in  the  binary  alloy.  In  the  case  of  the  HfC 
strengthened  material,  it  is  possible  the  grain  interiors  have  been  strengthened  sufficiently  such  that 
diffusional  creep  mechanisms  were  occurring  at  similar  rates.  The  mechanism  for  the  improved  strength  is 
related  primarily  to  the  interaction  of  the  dispersoids  with  mobile  dislocations  (refs.  342  and  343)  and 
subgrain  boundaries  (ref.  344).  However,  it  is  probably  not  a  coincidence  that  the  two  most  effective 
dispersoids  contained  Hf,  which  by  itself  is  a  very  potent  solid  solution  strengthening  agent  (ref.  337).  * 

To  date,  the  use  of  rapid  solidification  to  dispersion  strengthen  NiAl  has  not  yet  provided  sufficient 
strengthening  to  compete  effectively  with  superalloys.  The  potential  for  improvement  exists,  primarily  in 
the  areas  of  optimizing  the  dispersoid  volume  fractions,  and  in  devising  the  thermomechanical  processing 
schedules  needed  to  produce  the  desired  grain  structures  that  have  proven  more  successful  in  the  oxide 
dispersion-strengthened  Ni-base  alloys  (ref.  346). 
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9.3.4  Reaction  milled  composites. — An  unusual  but  effective  example  of  a  composite  is  the  AIN 
dispersoid-reinforced  NiAl  which  can  be  produced  by  milling  NiAl  powder  in  liquid  nitrogen  (refs.  347 
to  350).  This  process  produces  very  fine  dispersoids,  on  the  order  of  50  nm,  at  relatively  high  volume 
fractions  of  approximately  10  percent.  The  particles  are  not  uniformly  distributed,  but  are  clustered 
along  prior  particle  boundaries.  As  can  be  observed  in  figure  51,  1300  K  creep  strengths  approaching  that 
of  NASAIR  100  were  obtained.  After  correcting  for  density,  the  deformation  resistance  of  the  superalloy 
and  NiAl/AIN  are  nearly  equivalent.  Also  of  interest  is  that  the  properties  of  extruded  material,  where 
the  particle-rich  regions  are  strung  out  along  the  extrusion  direction,  were  roughly  equivalent  to  HIP- 
consolidated  material,  where  the  particles  are  not  aligned  but  still  segregated.  The  reasons  for  the  excep¬ 
tional  properties  of  this  type  of  second  phase  reinforcement  are  not  currently  understood  although  the 
promising  results  in  compression  certainly  warrant  more  extensive  testing  in  tension.  Furthermore,  the 
oxidation  resistance  of  this  material  is  superior  to  superalloys  and  almost  equivalent  to  that  of  reactive- 
element  doped  NiAl  (ref.  351),  making  this  one  of  the  first  truly  promising  NiAl-based  structural  alloys. 

9.3.5  Discontinuous  reinforced  composites. — Another  approach  to  strengthening  is  through  the  use  of 
composites  containing  discontinuous  reinforcements.  These  reinforcements  are  typically  larger  in  size  and 
present  in  higher  concentrations  than  that  found  in  dispersion-strengthened  materials.  One  example  is 
TiB2  particulate  reinforced  NiAl  containing  l-/im  diameter  particles  produced  by  an  exothermic  reaction 
process  (refs.  318,  352,  and  353).  Figure  52  demonstrates  that  such  composites  do  show  improvements  in 
strength  that  scale  with  the  amount  of  reinforcement  (refs.  317,  318,  and  330).  It  is  important  to  note 
that  the  stress  exponents  are  all  high,  which  indicates  that  the  dislocation  substructure  is  refined  and 
stabilized  by  the  second  phase  when  compared  to  the  same  matrix  without  the  reinforcement.  Evidence 
for  this  contention  has  been  provided  by  TEM  (ref.  318),  where  the  creep  deformation  structure  was 
characterized  by  subgrain  boundaries  pinned  by  the  particles,  in  combination  with  a  much  higher  dis¬ 
location  content  within  the  subgrains. 

Another  type  of  discontinuous  reinforcement  which  has  been  examined  in  NiAl  is  A1203  whiskers 
(refs.  354  and  355).  The  whiskers,  which  had  an  average  aspect  ratio  of  approximately  7.5,  were  added 
by  mechanical  blending  at  volume  fractions  ranging  from  0  to  25  percent.  Some  improvements  in  creep 
resistance  are  seen  in  figure  53,  but  the  whiskers  are  not  as  effective  as  TiB2  particles  (fig.  52)  in  increas¬ 
ing  strength.  Also,  the  stress  exponents  of  the  NiAl-Al203  composites  were  about  the  same  as  that  of  the 
matrix,  which  indicates  that  deformation  is  controlled  by  flow  in  the  matrix,  as  predicted  by  several 
models  of  composite  strengthening  (ref.  356).  These  models  would  predict  further  improvements  in  creep 
strength  by  increasing  the  aspect  ratio  of  the  whiskers.  However,  because  some  whisker  breakage  after 
testing  was  observed  (ref.  354),  higher  strength  whiskers  will  also  be  needed.  Control  of  whisker  distri¬ 
bution  and  alignment,  and  whisker  damage  during  processing,  are  major  concerns  with  this  type  of  composite. 

Finally,  hybrid  composites  containing  both  TiB2  particulates  and  A1203  whiskers  have  been  made  and 
have  demonstrated  that  these  strengthening  concepts  were  additive  (ref.  354).  It  should  be  noted,  how¬ 
ever,  that  combining  creep-strengthening  mechanisms  is  not  always  effective.  For  example,  there  is  no 
additional  benefit  in  creep  strength  from  adding  TiB2  particles  to  a  Heusler  phase  (Ni2AlTi)  reinforced 
NiAl  alloy  (refs.  357  and  358).  In  fact  the  TiB2- reinforced  material  was  weaker  under  creep  conditions 
than  the  unreinforced  NiAl-Ni2AlTi  alloy. 

9.3.6  Continuous  reinforced  composites. — A  final  strategy  is  the  reinforcement  of  NiAl  with  continu¬ 
ous  fibers.  Such  composites  can  either  be  natural,  such  as  directionally  solidified  eutectics,  or  artificially 
fabricated,  using  fiber-matrix  combinations  not  achievable  through  eutectic  solidification.  The  early  work 
by  Walter  and  Cline  (ref.  359)  has  shown  that  a  eutectic  consisting  of  a-Cr  rods  in  a  NiAl  matrix 
possessed  some  promising  creep  properties,  as  indicated  in  figure  54.  However,  good  creep  strength  is 
only  maintained  as  long  as  the  Cr  rods  are  continuous  in  nature,  and  not  just  short  fibers  aligned  parallel 
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to  the  growth  direction  (ref.  360).  Rod-type  and  lamellar  eutectic  microstructures  can  also  be  produced 
in  NiAl  by  directional  solidification  with  Mo  (ref.  361),  W  (refs.  129  and  229),  Re  (ref.  362),  V  (ref.  363), 
and  NiAlNb  (ref.  336)  phases,  and  these  may  also  prove  to  be  advantageous. 

Artificial  composites  have  been  made  by  a  powder  metallurgy  approach  (ref.  364)  where  either  W, 
Mo,  or  A1203  fibers  have  been  incased  in  an  intermetallic  matrix  by  hot  pressing.  These  composites  have 
been  tested  in  bending  (refs.  365  to  367)  and  substantial  strength  improvements  in  the  NiAl/W  and 
NiAl/Mo  systems  over  the  matrix  have  been  observed,  whereas  the  NiAl/Al203  composites  did  not  show 
any  strengthening.  The  differences  in  strength  were  traceable  to  degrees  of  bonding,  where  load  could  be 
transferred  to  the  strongly  bonded  refractory  metal  fibers  but  not  to  the  weakly  bonded  A1203.  However, 
the  composite  with  weakly  bonded  fibers  did  show  evidence  of  toughening,  and  thus  a  hybrid  concept  of 
using  two  types  of  reinforcement  is  one  way  to  achieve  a  balance  of  properties  (ref.  366).  Further  testing 
of  these  composites  is  required  to  ascertain  whether  the  high  strengths  will  be  maintained  in  creep  tests, 
and  whether  they  can  survive  in  an  environment  involving  thermal  cycling. 


9.4  Summary 

High  temperature  creep  deformation  in  NiAl  appears  to  be  satisfactorily  described  by  type  M,  or  dis¬ 
location  climb  controlled  creep,  as  all  of  the  major  defining  characteristics  of  this  class  of  creep  have  been 
observed.  Stoichiometry  variations  appear  to  be  relatively  unimportant,  especially  between  45  and 
52  at  %  Al,  a  fact  which  is  surprising  based  on  the  relatively  large  effect  of  stoichiometry  on  diffusion 
characteristics  and  many  other  properties.  Diffusional  creep  mechanisms  appear  to  become  important  at 
low  stresses  and  above  about  0.7  Tm,  although  they  appear  to  be  more  prominent  in  ternary  alloys  and  in 
materials  which  have  been  strengthened  against  dislocation  creep. 

A  general  observation  concerning  NiAl  creep  literature  is  the  heavy  reliance  on  compression  testing. 
Compression  tests  are  very  valuable  in  isolating  deformation  mechanisms  and  for  providing  an  indication 
of  the  maximum  creep  strength  achievable  in  a  given  material.  However,  several  technologically  impor¬ 
tant  topics  such  as  grain  boundary  cavitation,  necking,  and  tertiary  creep  can  best  be  examined  in  tension 
creep  experiments. 

Various  strategies  to  improve  the  creep  resistance  of  NiAl  have  been  attempted  although  none  have 
been  fully  optimized.  Of  these  attempts,  both  solid  solution  and  precipitation  hardening  have  shown 
progress,  but  the  low  stress  exponents  of  these  materials  result  in  less  attractive  properties  at  lower 
stresses  and  creep  rates.  However,  recent  advances  using  precipitate  strengthening  in  single  crystals  have 
shown  promise.  Rapid  solidification  has  shown  only  small  improvements  in  strength,  whereas  TiB2  par¬ 
ticulates  and  A1203  whiskers  showed  larger  but  still  insufficient  advances.  The  NiAl/ AIN  composite  has 
some  of  the  best  creep  properties  to  date,  comparable  to  the  Cr  containing  directionally  solidified 
eutectic.  Finally,  the  strengthening  which  can  be  achieved  with  continuous  fibers  is  dependent  on  the 
choice  of  reinforcing  fiber  as  well  as  the  matrix/fiber  bond  strength. 


10.  ENVIRONMENTAL  RESISTANCE 
10.1  Isothermal  and  Cyclic  Oxidation 

The  excellent  oxidation  resistance  of  NiAl  based  materials  is  well  known  and  has  been  exploited  for 
many  years  in  the  form  of  coatings  for  Ni-base  superalloys  (refs.  368  and  369).  This  behavior  stems  from 
the  easy  formation  and  slow  growth  rate  of  a  protective  A1203  scale.  Under  isothermal  conditions,  scale 
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formation  often  involves  a  transient  growth  stage  followed  by  a  steady-state  regime.  The  transient  stage 
involves  the  formation  of  transition  oxides,  including  NiO,  NiAl204,  and  metastable  7-  and  0-A1jO3 
(refs.  370  to  372).  Observations  of  NiO  are  usually  found  only  in  alloys  with  lower  A1  content  (ref.  371), 
and  NiAljO^  is  favored  at  very  low  temperatures  where  the  slower  growth  rates  of  A1203  allows  for  the 
less  thermodynamically  stable  phase  to  form.  Mature  scales  typically  follow  a  parabolic  growth  law  but 
the  form  of  the  scale  is  dependent  on  temperature.  At  temperatures  near  1200  K,  0-Al2O3  appears  to  be 
the  predominant  oxide  in  mature  scales  (refs.  370,  373,  and  374),  but  at  higher  temperatures  a-Al203  is 
formed.  The  growth  rate  of  0-Al2O3  is  higher  than  that  of  a-Al203,  such  that  oxidation  at  approxi¬ 
mately  1200  K  is  faster  than  at  higher  temperatures  as  demonstrated  in  figure  55  (refs.  373  and  374). 
Transformation  from  the  transition  oxides  to  the  mature  a-Al203  scale  involves  a  volume  change  of 
13  percent,  which  results  in  cracking  of  the  oxide,  which  is  healed  by  new  a-Al203  formation  (refs.  370 
and  373).  Evidence  in  the  form  of  **0  tracer  diffusion  studies  (refs.  375  and  376)  and  scale  morphologies 
(refs.  370  and  373)  indicate  that  the  transition  oxides  grow  primarily  by  outward  cation  diffusion, 
whereas  the  mature  oxide  grows  by  a  combination  of  both  outward  cation  and  inward  oxygen  diffusion, 
with  a  strong  influence  from  short  circuit  diffusion  paths.  This  is  in  contrast  to  MCrAl  alloys,  where 
primarily  mwa'  '-growing  scales  are  found  (refs.  377  and  378). 

Alloy  stoichiometry  appears  to  have  only  minor  effects  on  isothermal  oxidation  rates.  Hutchings  and 
Lorretto  (ref.  379)  found  that  increasing  the  A1  level  from  42  to  50  percent  resulted  in  an  order  of  magni¬ 
tude  reduction  in  oxidation  rate.  More  recent  work  (ref.  380)  has  shown  that,  although  differences  on  the 
order  of  a  factor  of  10  are  observed,  the  oxidation  rates  did  not  vary  monotonically  with  A1  level  (fig.  56). 
Instead,  the  oxidation  rate  increases  by  close  to  an  order  of  magnitude  after  as  little  as  a  3-percent  drop 
in  A1  content  from  the  stoichiometric  composition  and  then  is  relatively  constant  over  a  very  broad  range 
of  A1  levels.  Other  factors  can  also  affect  oxidation;  for  example  polished  surface  finish  and  the  use  of 
single  crystals  can  each  lower  oxidation  rates  by  about  a  factor  of  2  (refs.  381  and  382). 

The  accelerated  oxidation  rates  at  intermediate  temperatures  which  are  due  to  transient  oxide 
growth,  are  still  relatively  low  and  are  not  considered  as  problematic.  However,  some  indications  of 
“pest”  attack  at  intermediate  temperatures  have  been  observed  in  the  past.  Defined  as  a  disintegration 
into  powder  due  to  exposure  to  oxygen,  pesting  in  air  has  been  observed  in  Al-rich  compounds  (ref.  383). 
However,  these  compositions  are  very  brittle  and  therefore  of  limited  engineering  interest.  Mild  pesting 
reactions  have  also  been  induced  in  the  laboratory  in  other  compositions  of  NiAl  by  testing  at  very  low 
partial  pressures  of  oxygen  (ref.  374). 

Cyclic  oxidation  testing  is  significantly  more  severe  than  isothermal  oxidation  and  more  closely 
approximates  actual  service  conditions.  During  the  cooling  portion  of  the  cycle,  the  difference  in  thermal 
expansion  coefficients  between  metal  and  oxide  results  in  high  stresses  at  the  oxide/metal  interface  that 
can  lead  to  scale  spallation.  Figure  57  has  several  examples  of  some  weight  versus  time  curves  for  different 
metallic  materials  and  various  NiAl  alloys  under  cyclic  oxidation  conditions.  Examples  of  materials  which 
experience  weight  gains  due  to  oxide  growth  and  weight  losses  due  to  spalling  are  exhibited.  This  figure 
also  demonstrates  that  the  excellent  performance  of  NiAl  compared  to  conventional  oxidation  resistant 
alloys  is  only  achieved  when  reactive  elements  such  as  Zr  are  added.  The  damage  due  to  spalling  usually 
accelerates  as  the  number  of  cycles  accumulates,  such  that  lifetimes  can  be  very  short  compared  to  iso¬ 
thermal  conditions.  NiAl  alloys  are  also  more  sensitive  to  stoichiometry  under  cyclic  conditions  compared 
to  isothermal  tests  (ref.  384).  For  long-term  cyclic  conditions  it  is  best  to  have  a  NiAl  alloy  containing  at 
least  45  percent  A1  and  for  even  a  few  cycles  it  is  best  to  stay  above  40  percent  A1  to  avoid  significant 
oxide  spalling. 

The  behavior  of  NiAl  alloys  under  cyclic  oxidation  conditions  are  sufficiently  understood  that  life  pre¬ 
diction  can  now  be  made  with  reasonable  accuracy  (refs.  384  to  387).  Useful  lives  are  usually  defined  as 
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time  needed  to  obtain  a  given  amount  of  metal  recession,  a  given  amount  of  weight  change  (typically  5  to 
10  mg/cm2),  or  a  transition  to  a  less  protective  oxide  (ref.  384).  In  the  case  of  NiAl,  severe  cyclic 
oxidation  exposure  eventually  leads  to  A1  depletion  and  subsequent  formation  of  NiO  and  NiAl204,  which 
can  be  used  as  a  criteria  to  define  life.  This  A1  depletion  also  implies  that  Ni-rich  aluminides  fail  sooner, 
which  has  been  confirmed  experimentally  (refs.  381  and  384). 

Finally,  it  is  well  known  that  rare-earth  or  oxygen-active  dopants  have  a  very  large  beneficial  effect 
on  the  oxidation  resistance  of  MCr Al,  NiAl,  and  superalloy  materials.  Y,  Hf,  and  Zr  are  the  main  addi¬ 
tions  that  have  been  studied,  although  other  elements  such  as  Ce  and  La  are  expected  to  behave  simi¬ 
larly.  Beneficial  effects  in  NiAl  are  observed  when  elemental  additions  are  made  to  the  melt  at  about  the 
0.1  at  %  level  (refs.  373,  380,  and  384  to  386),  when  present  as  dispersed  Y-rich  oxides  (refs.  351  and  385), 
or  when  incorporated  in  the  surface  by  ion  implantation  (ref.  382).  These  additions  decrease  the  isother¬ 
mal  oxide  growth  rate  (refs.  373,  382,  and  385),  apparently  through  a  decrease  in  diffusion  through  the 
scale.  However,  the  main  benefit  of  these  additions  is  observed  under  cyclic  conditions,  where  they  dra¬ 
matically  increase  scale  adherence  (refs.  380  and  384  to  386).  This  has  been  attributed  to  several  causes 
(refs.  382  and  388  to  390):  oxide  “pegging,”  elimination  of  voids  at  the  interface,  increased  scale  plastic¬ 
ity,  and  changes  in  the  chemical  bond  between  the  oxide  and  metal.  Although  a  complete  answer  prob¬ 
ably  involves  a  combination  of  several  factors,  it  has  been  shown  that  one  major  effect  is  the  role  of  these 
elements  in  preventing  S  segregation  to  the  interface  (refs.  388  to  390)  or  to  interfacial  voids  (ref.  374) 
which  can  degrade  bonding. 


10.2  Hot  Corrosion  Resistance 

Hot  corrosion  due  to  molten  sulfate  deposits  has  been  studied  because  of  the  importance  of  this  type 
of  attack  in  marine,  industrial,  and  aircraft  gas  turbine  materials.  This  attack  is  most  prominent  at 
intermediate  temperatures  (900  to  1300  K),  and  can  occur  by  a  number  of  mechanisms  (ref.  391).  For 
example,  molten  deposits  containing  Na2S04  can  cause  fluxing  reactions  that  dissolve  the  protective 
oxides.  Additionally,  the  formation  of  sulfides  beneath  the  deposits,  and  subsequent  oxidation  of  these 
sulfides,  can  be  quite  detrimental  to  surface  integrity  (refs.  391  and  392). 

Binary  NiAl  is  not  particularly  resistant  to  hot  corrosion,  as  the  rate  of  corrosion  can  far  exceed  the 
oxidation  rate  at  equivalent  temperatures  (refs.  392  to  394).  This  occurs  because  the  level  of  Al  depletion 
from  the  specimen  is  much  faster  causing  the  less  resistant  7'  phase  to  form  early  during  exposure. 
Chromium  was  found  to  increase  the  hot  corrosion  resistance  of  NiAl  and  Y  added  to  Cr-doped  NiAl 
resulted  in  marginal  but  additional  improvements  in  corrosion  resistance  (ref.  395).  However,  Cr  addi¬ 
tions  were  found  to  be  detrimental  to  sulphidation  resistance  of  the  NiAl  phase  when  the  test  environ¬ 
ment  consisted  of  He-S2  gas  mixtures  with  very  low  partial  pressures  of  oxygen  (ref.  394).  When  alloyed 
with  Cr  in  sufficient  quantity  to  form  MCrAl-based  alloys  in  the  7  +7'  +  phase  field,  these  materials 
can  result  in  very  good  performance  in  both  laboratory  and  burner  rig  tests  (refs.  391,  392,  and  394). 


11.  APPLICATIONS 

A  brief  description  of  potential  applications  for  NiAl  is  presented  below  with  the  main  purpose  of 
reviewing  those  combinations  of  properties  which  are  responsible  for  raising  interest  in  NiAl  for  future 
utilization.  Our  hope  is  that  by  reviewing  those  properties  that  make  NiAl  unique  compared  to  other 
materials,  new  and  totally  unrelated  applications  may  become  apparent. 
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11.1  Coatings 


Primarily  because  of  lack  of  ductility,  aluminide  intermetallic  compounds,  including  NiAl,  have  not 
been  used  in  the  past  for  load  bearing  applications.  But  because  of  their  excellent  oxidation  resistance 
they  have  been  used  as  coatings  over  a  ductile  base  material  (ref.  396).  Additionally,  the  high  melting 
point  and  especially  a  high  thermal  conductivity  were  original  motivating  factors  in  the  use  of  NiAl  based 
coatings  (ref.  61).  A  high  thermal  conductivity  was  considered  particularly  important  since  this  meant 
that  hot  spots  on  the  coating  were  eliminated,  significantly  increasing  the  potential  use  temperature  of 
the  coated  component  (ref.  61).  The  most  common  example  of  this  application  is  the  use  of  NiAl-base 
coatings  on  virtually  all  superalloy  turbine  blades  and  vanes  (refs.  62,  368,  and  369).  Also,  NiAl  has 
shown  resistance  to  liquid  metal  corrosion,  particularly  alkali  metals,  and  may  someday  see  use  as  the 
base  for  a  protective  coating  for  steel  components  operating  in  contact  with  molten  low-melting  metals 
(ref.  397).  However,  results  in  this  particular  area,  while  promising,  are  still  very  preliminary. 


11.2  High  Temperature  Structures 

The  demand  for  new  structural  materials  to  replace  superalloys  in  advanced  jet  engines  and  other 
high  performance  aerospace  applications  has  been  one  of  the  strongest  driving  forces  behind  the  development 
of  intermetallic,  ceramic  and  composite  materials.  These  efforts  have  been  necessitated  primarily  by  the  need 
for  greater  engine  operating  efficiencies.  However,  this  goal  can  only  be  met  by  materials  that  possess  a 
balanced  range  of  properties.  NiAl  offers  a  number  of  distinct  advantages  over  conventional  superalioys 
including:  (1)  significantly  higher  melting  point,  (2)  density  which  is  about  two-thirds  that  of  a  typical 
superalloy  (ref.  58),  (3)  specific  modulus  which  is  about  35  percent  greater  than  the  stiffest  superalioys 
(refs.  15  and  86),  (4)  a  three-  to  eight-fold  advantage  in  thermal  conductivity  (refs.  58  and  61),  and 
(5)  cyclic  oxidation  resistance  that  is  superior  to  any  existing  high  temperature  alloy  (refs.  351,  380, 
and  386). 

The  immediate  benefits  that  would  be  derived  from  using  NiAl  in  engine  applications  would  include 
reduced  cooling  requirements,  reduced  weight,  and  higher  operating  temperatures.  Together  these  bene¬ 
fits  would  lead  to  increased  engine  thermodynamic  efficiency  and  an  increased  thrust-to-weight  ratio. 

The  weight  savings  alone  would  be  significant.  For  example,  design  studies  have  shown  that  the  replace¬ 
ment  of  superalloy  turbine  blades  with  NiAl  could  lead  to  a  40  percent  reduction  in  the  weight  of  the 
rotor  system  (blade  and  disk)  (ref.  62). 

Presently,  an  extensive  program  is  underway  at  General  Electric  to  develop  single  crystal  NiAl  alloys 
specifically  for  use  as  a  high-pressure  turbine  blade  material  (refs.  62,  264,  and  398).  Two  possible  routes 
for  producing  the  turbine  blades  have  been  proposed.  One  route  involves  the  casting  of  single  crystal 
ingots  from  which  solid  blades  can  be  machined  by  conventional  machining  processes  such  as  electrical- 
discharge  machining,  electrochemical  machining  and  grinding  processes.  An  example  of  a  high  pressure 
turbine  blade  manufactured  by  this  process  is  shown  in  figure  58.  The  other  technique  for  producing  tur¬ 
bine  blades  involves  casting  a  blade  to  near  net  shape,  splitting  the  blade  into  two  halves  so  that  intricate 
cooling  passages  can  be  machined  into  the  component  and  bonding  the  two  halves  back  together. 


11.3  Electronics 

The  most  recent  group  to  take  interest  in  NiAl  is  the  electronics  industry.  The  incorporation  of 
metallic  (NiAl)  films  embedded  in  semiconductor  device  structures  is  being  pursued  by  several  research 
laboratories  as  evident  from  the  recent  flurry  of  publications  in  this  area  (refs.  399  to  415).  With  the  use 
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of  NiAl,  it  is  hoped  that  unique  metal-semiconductor  heterostructures  can  be  fabricated  with  the  goal  of 
utilising  the  combined  transport  properties  of  metals  and  semiconductors  (ref.  403).  For  example, 
(Al,Ga)As/NiAl/(Al,Ga)As  heterostructures  have  been  fabricated  by  molecular  beam  epitaxy  (refs.  404 
to  408).  These  heterostructures  pave  the  way  for  the  fabrication  of  a  host  of  new  electronic  and  photonic 
devices  such  as  buried  metal-base  transistors,  buried-metal  interconnects  and  buried  ground  planes 
(refs.  399,  406,  and  409).  The  interface  structure  and  stability  of  these  heterostructures  has  been  theo¬ 
retically  modeled  by  Joo  et  al.  (ref.  410). 

One  of  the  primary  properties  that  has  driven  the  development  of  NiAl  as  a  high  temperature  struc¬ 
tural  material  is  also  important  to  the  development  of  this  intermetallic  as  an  electronic  material. 
Namely,  stability  at  elevated  temperatures  which  is  required  for  semiconductor  overgrowth  processes 
(ref.  411).  Also  critically  important  is  a  close  lattice  match  with  semiconductor  materials  to  allow 
epitaxial  growth  at  both  metal-on-semiconductor  and  semiconductor-on-metal  heterojunctions.  Serendip- 
itously,  stoichiometric  NiAl  has  a  close  lattice  parameter  match  with  (Al,Ga)As  (refs.  399  and  412),  and 
(In,Ga)As  (ref.  412)  compounds  and  can  be  further  modified  through  changes  in  stoichiometry  (fig.  3). 
Also,  NiAl  is  a  very  promising  candidate  for  a  low-leakage  rectifying  contact  to  GaAs  because  NiAl  over¬ 
layers  form  Schottky  barrier  heights  on  the  order  of  0.9  to  1.0  eV  which  is  significantly  higher  than  most 
metals  on  GaAs  (refs.  413  and  414).  The  barrier  height  can  be  increased  to  1.15  to  1.35  eV  when  an 
AlAs  layer  is  deposited  between  NiAl  and  GaAs  creating  a  NiAl/AlAs/GaAs  system  (ref.  415).  This 
later  value  is  nearly  a  factor  of  two  larger  than  exhibited  by  most  metal/GaAs  interfaces. 


12.  CONCLUDING  REMARKS 

Almost  all  the  physical  and  mechanical  properties  of  yS-phase  NiAl  are  dependent  on  stoichiometry 
within  the  single  phase  regime,  with  most  properties  exhibiting  a  minimum  or  maximum  at  (or  very  near) 
the  stoichiometric  composition.  Differences  in  properties  as  a  function  of  composition  exist  because  of  the 
defect  structure  necessary  to  maintain  the  B2  crystal  structure.  What  is  generally  not  appreciated  is  that 
many  properties  determined  on  nonstoichiometric  compositions  might  not  be  any  more  representative  of 
the  inherent  properties  of  the  stoichiometric  compound  Ni-50A1  than  those  of  a  solid  solution  alloy  are 
representative  of  the  pure  solvent  metal. 

It  would  also  appear  that  most  discrepancies  in  composition-dependent  properties  can  be  attributed  to 
errors  in  measuring  the  composition  of  the  alloy  rather  than  the  measurement  of  the  specific  properties. 
Compositional  measurement  is  probably  the  most  under  appreciated  problem  affecting  the  materials 
scientist  today  and  is  one  area  in  which  researchers  need  to  be  aware  of  the  limitations  imposed  by  the 
various  methods.  In  fact,  analyzing  composition  of  alloys  to  any  high  degree  of  accuracy  is  probably  the 
least  discussed  problem  affecting  NiAl  research  today. 
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TABLE  I.— OBSERVED  SLIP  SYSTEMS  IN  UNIAXIALLY  DEFORMED  NiAl 


Material 

Temperature 

range, 

K 

Slip 

vector 

SUp 

plane 

Analysis 

technique*’1* 

References 

PolycryataUine  NiAl 

300-900 

<100> 

{011} 

TEM 

128,177,178 

Single  crystal  NiAl 
•soft”  orientations: 

[111] 

77-1373 

<100> 

{011} 

SSTA/TEM 

166,167,173,176 

[12*1 

77-300 

<100> 

{011} 

SSTA 

167 

[123] 

77-873 

<100> 

{011} 

TEM 

144,175 

[110] 

77-300 

<100> 

{011} 

SSTA/TEM 

138,167 

[110] 

300-1373 

<100> 

{001} 

SSTA/TEM 

165,166,167,169,173,176 

[227] 

573 

<100> 

{011} 

SSTA 

165 

77-873 

<100> 

{011}  or  {001} 

SSTA/TEM 

141,165,172 

•Hard”  orientation 

300-1300 

<100> 

{011} 

SSTA/TEM 

143-145,167,170-172 

[001] 

600-1372 

<110> 

{011} 

SSTA/TEM 

143,144,166,167,169,176 

77-600 

<111> 

{112}, {Oil},  or  {123} 

SSTA/TEM 

141,144,167,172,174,175 

*TEM  •  Transmission  electron  microecopy  investigation. 
bSSTA  -  Surface  (Up  trace  analytic. 
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TABLE  U. — SLIP  FAMILIES  AND  RESULTING  NUM¬ 
BER  Of  INDEPENDENT  SUP  SY8TEMS  (ref.  107) 


Slip  faulty  (iw) 

Number 

Number 

physically 

independent 

distinct 

{0U}<100> 

• 

3 

{011}<0I1> 

ft 

2 

(on)<ioo>  +  {on}<on> 

12 

ft 

(100}<011> 

ft 

3 

(on)<ioo>  +  {ioo)<ou> 

12 

3 

(011}<lll> 

12 

6 

{112}<11I> 

12 

S 

TABLE  III.— SOLID  SOLUTION  STRENGTHENING  IN  NIA1 


Dopant 

Atomk  % 

As  /Ac, 
MPa/at  % 

Reference 

Goldschmidt 

radii, 

nm 

Atomic 

radii, 

Boron 

0.04 

4500 

227,228 

0.093 

0.117 

Zirconium 

.05 

4000 

128 

.167 

.216 

Carbon 

.11 

>1700 

227 

.084 

.0091 

Chromium 

1.00 

268 

189,109 

.125 

.186 

Beryllium 

.24 

100 

227 

.111 

.140 

TABLE  IV.— EFFECT  OF  POST  EXTRUSION  HEAT-TREATMENT  ON  THE 
ROOM  TEMPERATURE  0.2  PERCENT  YIELD  STRENGTH  OF 


N1A1  AND  N1A1  +  0.05  at  %  Zr  ALLOYS  (ref.  128) 


Alloy 

Grain  sise, 

Annealing  temperature  (K)/ 

Cooling  rate, 

Yield  strength,* 

Jim 

annealing  time  (hr) 

K/s 

MPa 

NiAl 

ll.Oil.O 

As-extruded  (1200  K) 

0.33-0.833 

875/2 

0.17 

975/2 

0.17 

1075/2 

0.17 

284±12 

1180/2 

0.17 

288±8 

NtAl 

2i.8±2.8 

As-extruded  (1400  K) 

0.33-0.833 

22.0±3.0 

1100/1 

1.33  (air  cool) 

22.2±2.6 

1173/2 

.017 

22.0±3.0 

1073/2 

.017 

250±5 

NiAi(Zr) 

5.5±0.9 

As-extruded  (1200  K) 

0.33-0.833 

672±8 

5.5±1.0 

1100/1 

1.33  (air  cool) 

603 

5.5±1.0 

1173/2 

.017 

567 ±5 

5.5±1.0 

1073/2 

.017 

677±9 

NlAl(Zr) 

14.0  ±1.6 

As-extruded  (1200  K) 

0.33-0.833 

379±4 

14.0±2.0 

1100/1 

1.33  (air  cool) 

387 

14.0±1.6 

1173/2 

.017 

378±6 

*Avtri|e  of  at  lout  four  toot*  when  standard  deviation  b  reported. 


73 


TABLE  V.— ROOM  TEMPERATURE  RESOLVED  SHEAR 
STRESS  VALUES  ON  {110}  AND  {100}  PLANES  TOR 
•SOFT"  ORIENTED  N1A1  SINGLE  CRYSTALS 


OrinlttlM  0.1%*r,  Rssohred  Ami  itnn,  Krfmiei 
MP»  MPa 


26444.6  12442.2 

21740.7  77±0.2 


"Estimated  from  stress  strain  curve*. 


TABLE  VI.— ROOM  TEMPERATURE  PROPERTIES  AND  FRACTURE  BEHAVIOR  OF  NiAl  ALLOYS 


Key  for 
figure  28 

Alloy, 
at  % 

Processing 

route 

Grain 

■lae, 

pm 

Yield 

strength, 

MPa 

Tensile 

fracture 

strength, 

MPa 

Fracture 

morphology" 

Reference 

a 

Ni-50.6  A1 

Powder  ext. 

10-11 

b330-350 

340-380 

Mixed  mode 

128 

b 

Ni-50.6  A1 

Powder  ext. 

33 

b274 

277 

Mixed  mode 

128 

c 

NiAl  (0.03  C) 

Cast  +  ext. 

2943 

211-213 

232-252 

Mostly  int. 

233 

d 

NiAl 

Cast  +  ext. 

1842 

172-192 

252-284 

Mostly  int. 

189,250 

• 

NiAl  (0.004  B) 

Cast  +  ext. 

3344 

227-229 

260-279 

Mixed  mode 

250 

f 

NiAl  (0.05  Zr) 

Powder  ext. 

4-5 

b620 

830 

Trans. 

128 

s 

NiAl  (0.05  Zr) 

Powder  ext. 

13-10 

b4 10-420 

400-420 

Mostly  trans. 

128 

h 

NiAl  (3  Re) 

Ext.  MSR" 

1-3 

^MUUUUI 

497 

Mostly  trans. 

250,254 

i 

NiAl  (0.5W.0.1C) 

Ext.  MSRC 

3 

b704-715 

635 

Trans. 

250 

j 

NiAl  (0.5  W) 

Ext.  MSR* 

8 

**457-485 

430 

Trans. 

250 

k 

NiAl  (0.05  Hf) 

Ext.  MSR' 

0-11 

**380-390 

416 

Trans. 

260 

1 

NiAl  (0.05  Y) 

Ext.  MSRC 

9-11 

**285-273 

148 

Trans. 

250 

m 

NiAl  (lCr) 

Cast  +  ext. 

24±3 

**430-444 

266 

Mostly  trans. 

189,250 

n 

Ni-48Al-2Cr 

Cast  +  ext. 

2044 

**520-540 

325-481 

Trans. 

189,260 

o 

Nt-46Al-5Cr 

Powder  ext. 

9-13 

**808-830 

500-832 

Trans. 

189,250 

p 

Ni-60.3  A1 

Cast  4-  ext. 

11-18 

240 

320 

‘‘Mixed  mode 

213 

q 

NiAl 

Cast  +  ext. 

13-25 

115 

180-200 

"Inter. 

223,252 

r 

NiAl 

Cast  +  ext. 

25-35 

154 

229 

^Mostly  inter. 

227,228 

• 

NiAl  (0.12  B)+ 

Cast  +  ext. 

25-36 

f894 

329 

‘‘Trans. 

227,228 

t 

NiAl  (0.11  C)+ 

Cast  +  ext. 

25-35 

•710 

338 

‘‘Mostly  trans. 

227,228 

a 

NiAl  (0.24  Be)+ 

Cast  4  ext. 

25-35 

178 

307 

dMostly  inter. 

227,228 

"The  following  scale  was  used  in  evaluating  the  fracture  mode  of  NiAl  alloys: 

Percent  intergranular 
Description  fracture 


Trans(granular) 

0-20 

• 

Mostly  trans(granular) 

20-40 

Mixed  mode 

40-60 

Mostly  inter(granular) 

80-80 

* 

Inter(granular) 

80-100 

bYield  stress  determined  in  compression  (no  macro-yield  in  tension). 

CMSR  •  chopped  melt  spun  ribbon. 

d Baaed  on  quantitative  measurement  of  published  micrograph. 

"Based  on  qualitative  description  found  in  the  reference  (percent  intergranular  fracture  was  not  quantitatively  measured). 
'Estimate  based  on  data  from  reference  228. 

•Estimate  based  on  the  strength  of  alloy  (i)  in  this  table. 
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TABLE  VII. -BR1TTLE-TO- DUCTILE  TRANSITION  TEMPERATURES*  FOR  NLAI  ALLOYS 


Alloy  composition, 

Processing 

Grain  sisa, 

Strain  rata, 

BDTT,* 

Reference 

at  % 

tachniqus 

MB 

a*1 

K 

Nl-50.SAlb 

(initial  charge  comp.) 

Cast  +  extruded 

(•) 

1.4xl0‘* 

D 

217 

N1-50.6A1 

Extruded  powder 

33  ±4 

1.4x  10'4 

716 

128,215 

(0.028  O  +  C  +  S) 

10 

1.4x10'* 

616 

5 

1.4x10'* 

660 

Ni-60Alh 
(nominal  comp.) 

Extruded  powder 

20-40 

1.4x10'* 

675 

197 

Ni-60.3A1 
(0.013  O  +  C) 

Cast  +  extruded 

«16 

1.4x10'* 

»550 

213 

Ni-50Alb 

Extruded  melt-spun 

8 

1.4x10'* 

715 

254 

(nominal  comp.) 

ribbon 

Ni-49Al-0.01Zr 

Cast  +  extruded 

‘30 

1.4x10'* 

690 

236,256 

(0.010  O  +  C  +  S) 

5x10'* 

600 

Ni-49.TAlb 

As  cast 

(*) 

Variable* 

1000 

219 

Ni-50.3Al-0.0SZr 
(0.027  O  +  C  +  S) 

Extruded  powder 

1912 

1.4x10'* 

875 

128,221 

Ni-51Al-1.5Re 

Extruded  melt-spun 

2 

1.4x10'* 

900 

264 

(0.070  O  +  C) 

ribbon 

Ni-48.6Al-3Re 

Extruded  melt-spun 

2 

1.4x10* 

254 

(0.076  O  +  C) 

ribbon 

Ni-50Al-0.25Bb 

Extruded  powder 

(•) 

3.3x10'* 

1000 

197 

Ni-47Alb 

Hot  rolled  ingot 

(•) 

1.3x10'* 

cal  000 

256 

Ni-43Alb 

Extruded  powder 

<«) 

3.3x10'* 

925 

197 

N1-50.3A1 

Cast  +  extruded 

29.313 

1.4x10'* 

740 

233 

(0.0096  O  +  C) 

1.4x10'* 

690 

1.4x10'* 

560 

'Defined  ai  the  loweat  temperature  at  which  >5  percent  tensile  ductility  can  be  achieved. 

bInterstitial  analysis  not  reported. 

cData  are  recorded  as  a  function  of  grain  sise. 

^Performed  under  constant  displacement  velocity. 

‘Not  reported. 


TABLE  VIII.— INPUT  PARAMETERS  USED  IN  CHAN’S  MODEL  (ref.  268) 


FOR  PREDICTING  TENSILE  DUCTILITY  OF  NLAI 


Input  parameter 

300  K 

700  K 

Reference 

Yield  strength  (as  a  function 

176  +  522  (l/<fij 

78  +  261  (1/Vd) 

215 

of  grain  sise),  d  (mb) 

Strain  hardening  exponent 

0.361 

0.178 

215 

Fracture  toughness,  MPavfn 

5 

22 

278 

Young's  modulus,  GPa 

231 

203 

15 

Poisson’s  ratio 

0.33 

0.33 

85 

75 


TABLE  LX.— COMPRESSIVE  PROPERTIES  OF  NEAR  STOICHIOMETRIC  NiAi  SINGLE  CRYSTALS 

AT  OR  BELOW  ROOM  TEMPERATURE 


Composition 

Orientation 

Teat 

Strain  rate, 

0.2  percent 

Strain  to 

Reference 

temperature, 

a'* 

yield  street, 

(ailnre 

K 

MPa 

Ni-47.lAl-0.03Zr 

<123> 

208 

2.0xl0"4 

540 

0.08 

250,290 

<001> 

208 

2.0xl0"4 

1370 

.08 

NI-47.5A1 

<133> 

208 

2.0xl0'4 

580 

0.38 

260,261 

<123> 

210 

2.0xl0‘4 

830 

>.12 

<001> 

208 

2.0xl0'4 

1300 

>.16 

<001> 

210 

2.0xl0"4 

1500 

.08 

NiAi  (nominal) 

<001  > 

208 

2.2xl0‘4 

1270 

>0.04 

216 

<001> 

105 

2.2  xlO'4 

1470 

>.03 

<001> 

77 

2.2  xlO"4 

1860 

.03 

NiAl  (nominal) 

<001> 

■SB 

S.OxlO"4 

080 

■1 

262 

<011> 

.:  KM 

S.OxlO'4 

204 

<111> 

.  1 H 

5.0xl0‘4 

147 

.12 

NiAi  (nominal) 

<011> 

203 

Not 
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TABLE  X.— ROOM  TEMPERATURE  FRACTURE  TOUGHNESS  OF  NIA1  AND  NiAl  ALLOYS  AND 


M*t«U 

(pnwwh|  Uelulqiit) 


Poly  crystalline  alloys: 

NiAl  (hot  ptwiid  powder) 

NiAl  (hot  p reeled  ud  HIPped  powder) 

NiAl  (extruded  coat  ingot) 

NiAl  (electron  hoem-eone  melted) 

NiAl  (powder  proceaeed) 

N1-43A1  (extruded  ceat  ingot) 

NL40A1  (hot  praesed  end  HIPped  powder) 
NI-38.5A1  (hot  preeeed  end  HIPped  powder) 
NiAl  +  0.25B  (extruded  ceat  ingot) 

NiAl  +  6Nb  (powder  proceaeed) 

NiAl  +  5Tt  (powder  proceeeed) _ 


Single  crystale: 

NiAl  (directionally  solidified) 


NiAl  (directionally  solidified) 


Eutectics: 

NiAl-9Mo  (arc  melted  and  chill  cast) 
NLAl-12Mo  (arc  melted  and  chili  cast) 
NiAl-34Cr  (directionally  solidified) 
NiAl-9Mo  (directionally  solidified) 
NIAl-Cr/Mo  (directionally  solidified) 
NIA1-40V  (directionally  solidified) 


Composites: 

NiAl  +  20  vol  %  TiB2  (particulate) 

NiAl  +  15-25  yol  %  Ai2Os  (whisker) 

(hot  pressed  and  HIPped) 

NiAl/NiAlNb  (HIPped  powder  or  cast  and 
recryatalliied) 


TABLE  XI.— SUMMARY  OF  CREEP  PARAMETERS  FOR  NiAl 
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Figure  1  .—The  B2  crystal  structure  and  unit  lattice  (slip)  vectors  for 
NiAI.  Shown  are  eight  unit  cells  illustrating  the  interpentrating 
simple  cubic  sublattices  of  Ni  and  Al  atoms. 


Composition,  At. %  Ni 

Figure  3. — Lattice  parameter  and  density  of  NIAI  ae  a  function  of  stoichiometry  at  room  temperature. 
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Density  (Mg/m 


Thermal  Conductivity  (W/m— K) 


O  Kuboschewski  (AHf  for  average  Temp,  of  548  K)  [25] 
□  Hultgren  et  al.  (AHf  at  298  K)  [26] 

A  Henig  and  Lukas  (Alt.  at  1 1 00K)  [28] 

▲  Oelsen  and  Middel  (AHf  at  298  K)  [27] 


200  400  600  800  1000  1200  1400 

Temperature  (K) 

Figure  9. — Comparison  of  the  thermal  conductivity  of  single  crystal  NiAl  (ref.  62),  polycrystalline  NI-45AI  (ref.  56),  and  a 
conventional  nickel- base  superaHoy  (ref.  62)  as  a  function  of  temperature. 
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Figure  6. — Faceted  voids  in  NIAI  due  to  point  defect  agglomeration  in  melt  spun  Ni-50AI. 
(Figure  courtesy  of  I.  Loccl,  NASA  Lewis  Research  Center.) 
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Figure  7.— Line  energy  for  dislocations  in  stoichiometric  NIAI  at  room  temperature. 
(After  Uoyd  and  Loretto  ref.  140). 
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(a)  Actual. 


(b)  Schematic  Illustration  of  rounded  square 
loops  with  line  directions  along  <001  >. 


(c)  Actual. _  (d)  Schematic  illustration  of  sharp  rectangular 

loops  with  line  directions  along  <1 1 0>. 

Figuro  8.— Types  of  prismatic  edge  dislocation  loops  commonly  obsorved  in  NIAI  (after  ref.  149). 
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Figure  9. — Microstructure  of  a  NiAl  [001]  single  crystal 
deformed  uniformly  at  room  temperature.  “A"  dislocations 
are  [ill]  (112)  and  "B"  dislocations  are  [ill]  (112)  (ref.  149). 


TEMPERATURE  (K) 

Figure  10.— The  density  ratio  of  various  dislocations  observed  as  a  function  of 
temperature  in  compressed  [001]  Ni-48AI  single  crystals  (ref.  143). 
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Heat  of  formation  (kJ/g-atom) 


2  4  6  8  10 

-  In  (disorder  parameter,  a) 

Figure  11  .—The  relationship  between  thermodynamic  properties  and  operative  slip  systems  In  B2  compounds 
(ref.  199). 
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Temperature  (K) 

Figure  12— Typical  yield  stress  behavior  as  a  function  of  temperature  for  poly  crystal  line  NiAl  (ref.  216). 
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Temperature,  K 
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Temperature-1,  (K_1) 

Figure  13. — Arrhenius  representation  of  the  yield  stress  of  polycrystalline  NIAI.  The  BDTT  corresponds  to  a  change  In  activation 
energy  for  plastic  flow  beginning  at  Region  II  (ref.  21 5). 
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Tensile  ductility,  percent 
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Yield  Stress  (MPa) 


O  Nag  pal  et  al...  300  K  [208] 

4  Hahn  and  Vedula,  873K  [213] 
A  Graham  thesis,  673  K  [220] 

■  Lautenschlager,  973  K  [210] 
O  Pascoe,  600  K  [216] 


Atomic-*  Ni 

Figure  17.— Yield  stress  of  NiAl  as  a  function  of  stoichiometry. 
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Initial  Flow  Stress  (MPa) 


Temperature  (K) 

Figure  18.— -The  effect  of  composition  and  temperature  on  the  yield  strength  of  NiAI.  Note  the  reversal  in  strength  levels  for 
stoichiometric  and  non  stoichiometric  compositions  as  temperature  increases  (ref.  \lt). 
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(MPa/at.  X) 


C  :  George  and  Liu  [227] 
(lower  limit) 

Be  :  George  and  Liu  [227] 
B  :  George  et  al.  [228] 

Z r  :  Bowmon  et  al.  [128] 
Cr  :  Cotton  [189] 

Mo  :  Graham,  Stover 
[220,229] 

Y  :  Graham  [220] 

La  :  Graham  [220] 


Goldschmidt  Radii  (nm) 

Figure  19.— The  relationship  between  hardening  rate  and  element  size  for  various  alloying  elements  in  NiAI. 
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Stress  (MPa) 

Figure  20.— The  effect  of  strain  rate  on  the  yieW  strength  of  NIAI  between  500  end  1 300  K  (ref.  1 28). 


700  K 


Figure  21  .—The  flow  strength  of  extruded  NIA1  compression  specimens  taken  from  various  orientations  relative  to  the  extrusion  axis 
and  tested  at  room  temperature  (ref.  178). 
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Yield  Stress  (MPo) 
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Figure  22. — Yield  stress  as  a  function  of  temperature  for  several  different  single  crystal  orientations. 
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Tensile  Fracture  Stress  (MPa) 

Figure  28.— Yield  stress  venue  tonsle  fracture  sires*  for  a  number  o(  dfflerent  WAI  aHoys. 
From  this  plot  two  regions  are  apparent;  a  low  yield  strength  region  where  plasticity 
precedes  fracture  and  failure  is  mainly  intergranular  and  a  high  yield  stengfi  region  where 
al  alloys  fail  in  a  brittle  transgranular  manner  (ref.  250).  A  detailed  legend  for  al  alloys 
presented  in  this  plot  is  summarized  In  Table  V. 
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(c)  NI-48AI.  (d)  NI-50AI. 

Figure  29.— Fracture  behavior  of  NiAl  as  a  function  of  stoichiometry.  The  fracture  mode  Is  predominantly  transgrandular  except  for 
the  stoichiometric  alloy.  (Figure  courtesy  of  P.  Nagpat  and  I.  Baker). 
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Temperature,  K 

Figure  30.— The  effect  of  temperature  on  the  tensile  properties  of  power  extruded  NIAI  (ref.  21 5). 
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Ductility,  percent 


Temperature,  K 

Figure  31  .—The  effect  of  strain  rate  on  the  tensile  ductility  and  BDTT  of  cast  and  extruded  NIAI  (ref.  233). 


103 


568  K 


-Q 


673  K 


□  5x1  O'®  sec-1 
O  1  xl  CT4  sec'1 
A  2x1 0-3  sec-1 


Figure  33.— Chan's  model  (ref.  258)  for  predicting  tensile  ductility  of  semlbrittle  materials  as  a  function  of  grain  size  verified  for  NIAI 
(ref.  21 5).  The  figure  shows  experimental  and  theoretical  ductility  as  a  function  of  grain  size  for  the  alloy  described  in  Table  VIII. 
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Figure  34.— Tensie  dudMty  of  (001]  oriented  N1-50AI  end  NI-60AI  single  crystals  as  a 
function  of  temperature. 
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Fracture  toughness,  K*.  (MPa  Vm) 
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Figure  37. — Cleavage  on  transient  fracture  planes  such  as  {11 5} 
or  {1 1 7}  occurs  prior  to  final  cleavage  on  {1 1 0}  planes  in  single 
crystal  NiAI.  (Photo  courtesy  of  R.  Darolia,  G.  E.  Aircraft 
Enginos.) 
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Figuro  30  — Fracture  toughness  ot  NiAI  alloys  as  a  lunction  of  temperature  Alloys  wore  produced  by  several  different 
techniques  resulting  in  material  wilti  a  range  of  grain  sizes  (re!  203) 


Plastic  Strain  Range 


Figure  39.— The  effect  of  processing  conditions  on  the  elevated  temperature,  low  cycle  fatigue 
lives  of  NIAI. 
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Figure  40.— Completion  of  diffusion  coefficients  as  a  function  of  NI  content  tor  single  phase  NIAI  alloys  at  1423  K. 
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Figure  42.— Creep  behavior  of  stoichiometric  NiAl  at  1 175  K  (rets.  235, 317, 319-321 , 323). 
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Figure  43. — The  relationship  between  stress  exponent  and  temperature  lor  near 
stoichiometric  NiAl  as  compled  from  numerous  studies  (rets.  166, 170, 235, 
316-319,321.322). 
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Fi*ire  44.— The  effect  of  stoichiometry  on  the  compressive  creep  rate  of  NiAl  (refs.  235, 317, 319, 327). 
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Figure  47— PredpSatlon  hardening  by  Haw  If  and  Laves  phase*  by  tie  addition  of  71  and  To  to 
NiAl  (refs.  317. 330-332, 334). 
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Figure  48.— Creep  stengftenlng  of  NiAl  by  fteNIAINb  Laves  phase  at  1300  K(refc.  317,330,332. 
338,336). 
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Ftgure  50.— The  effect  of  dispersokfes  formed  by  rapid  soildiflcatkin  on  the  1300  K  Creep  strength  of  NiAl  (rote.  310, 317, 330, 
342-344). 
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Figure  53. — -The  effect  of  AijOj  whiskers  added  to  NiAl  by  a  powder  biending  process  on  lha  1300  K 
compressive  creep  strength  of  NiAJ  (refs.  31 7, 330, 354). 


STRESS  (MPo) 


Figure  54.—  Creep  strength  of  direction aty  solidified  NiAi-34  at%  Cr  Eutectic  at  1300  K  (refs.  317, 
330, 359,  360). 
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Figure  57.— The  cyclic  oxidation  behavior  of  NiAl  (Zr),  cryomilled  NiAI-AJN  composites,  NiAi,  Ni-35AI  (Zr),  MA956  and  NiCrAJ  (Zr). 
One  hour  cycles  at  1473  K.  (After  Lowell  et  al.  ref.  351 ). 


Figure  58.— A  high  pressure  turbine  blade 
machined  from  a  single  crystal  NiAl  Ingot. 
(Photo  courtesy  of  R.  Darolia,  G.  E.  Aircraft 
Engines.) 
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